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Abstract
In order to develop Co-based oxide dispersion strengthened (ODS) superalloys

with excellent mechanical properties and oxidation resistance at the temperature
above 1000 °C, a novel Co-20Cr-(5,10)Al (wt. %) ODS superalloys containing 2.4
wt. % Hf and 1.5 wt. % Y,03 were designed and fabricated by mechanical alloying
(MA), spark plasma sintering (SPS), hot rolling and the final annealing at 1200 °C.

Based on the results of microstructure characterization, the superalloys were
found to contain a Co solid solution phase with face-centered cubic (fcc) structure and
a CoAl phase with body-centered cubic (B2) structure, which offers the guarantee for
good ductility and favorable strength, respectively. Composition and volume fraction
of the both phases are almost consistent with the Co-Cr-Al ternary phase diagram
computed with the Pandat software. Fine Y-Hf oxides particles are densely distributed
inside the fcc solid solution and the B2 phase. Grain boundaries and phase boundaries
are decorated with the oxide particles, which are beneficial to grains and phases
stability at elevated temperature. Moreover, a unique core-shell structure of Y,Hf;0;7
in core and Y,Hf,O; at periphery was observed, which is responsible for the
coarsening of the Y-Hf oxides.

High-temperature oxidation behavior of the Co-based ODS superalloys was
investigated by the isothermal oxidation test at 900 °C and 1000 °C in air. With the
increase of Al content from 5 wt. % to 10 wt. %, the oxidation resistance of the
superalloys had been significantly improved by the formation of a single alumina
scale, which is far better than conventional Co-based alloys. A faster 6- to a-alumina
transformation at higher temperature was found to be responsible for the smaller
weight gain at 1000 °C than at 900 °C for the 10 wt. % Al specimens. Besides, the
effect of Cr and Y,0O; addition on the oxidation behavior of the Co-based superalloys
was investigated, as well. The results indicate that the addition of Cr is beneficial to
the oxidation resistance by accelerating the formation of an exclusive Al,Oj scale, i.e.,

changing the oxide scales morphologies from the multilevel scales with an external
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Co0O/CoAl,0O4 and an internal Al,O; to the single Al,Os scale. With Y,0;3 addition, the
grain size of Al,O; scale was decreased, and even though the weight gain of
Co-20Cr-10A1 ODS superalloys has been slightly accelerated, the Co-based ODS
superalloys possess far better oxide-scale adherence than that in free Y,0; alloys.

Tensile strengths of two Co-based ODS superalloys with Swt. % and 10wt. % Al
addition were measured at 23 °C, 250 °C, 500 °C, 700 °C and 1000 °C. 10Al shows
less ultimate tensile strength (UTS) at low temperature since a brittle fracture caused
by high B2 volume fraction. SAl exhibits outstanding UTS of 2.85 GPa at room
temperature, which is associated with the distribution of fine Y-Hf oxides and the
nano-twins deformation during strain. Along with the increasing of temperature, a
drastic reduction in tensile strength was observed, which is associated with grain
boundary deformation due to the ultrafine grains of 500 nm in the 5Al and 800nm in
the 10A1 Co-based superalloys.

Therefore, since the occurrence of brittle fracture in 10Al with high B2 volume
fraction, less Al should be considered to add into the composition of the Co-based
superalloys. However, the 10Al superalloy possesses a better oxidation resistance than
the 5AIl to form a single alumina scale. Hence, the composition optimization based on
altering the Al content should be focused, and 6 or 7 wt.% was considered to be

applicable in this system.



Chapter 1 Introduction

Co-based ODS superalloys possess prominent oxidation resistance and stable
strength, and they have broad application prospects for making the guide vanes of
aviation jet engines and the stationary blades of industrial gas turbines [1, 2]. In order
to make full use of this advantage and broaden application prospects, the advanced
strengthening approaches for developing Co-based alloys are considered. The usual
strengthening approach used in case of the conventional Co-based superalloys is
based on W, Mo, Ta and Cr carbides precipitate strengthening [3]. However, the
application of those conventional superalloys is limited up to 800 °C, because the
carbides easily coarsen above this temperature [4]. Lately y’-Cos(Al, W) precipitate
strengthened Co-Al-W system has been developed and considered to be more
effective with a high strength, but this y’-phase is available only at a narrow
temperature-composition range [5-8], i.e., the utilizing temperature is limited below
900 °C and the Cr addition which is beneficial to corrosion resistance has been proved
to be deleterious effect on y’ stability [9]. In addition, the high temperature oxidation
behavior of the y’ strengthened Co-based alloys still has to be improved further even
though Klein et al. reported several additional elements like boron and silicon could
significantly improve the oxidation resistance [9, 10]. Therefore, both of the two
methods should be invalid due to a poor stability at elevated temperature up to 900 °C.
Besides, such conventional carbides strengthened or the y’-strengthened Co-based
alloys are restricted in the alloying composition. As we know, alumina has been
considered to be more protective scale than other conventional metal oxide scale due
to its lower growth rate and nonvolatility at elevated temperature. However, the
production of alumina-forming in the superalloys demands a high aluminum
concentration, which has been clarified with a low operability in the Co-based alloys
strengthened by the two approaches.

Fortunately, based on an extremely high thermal-stability of dispersed oxide
particles at the temperature above 1000 °C and a flexibly controllable composition of
matrix, the oxide dispersion strengthening (ODS) is expected to be an advanced

approach to increase service temperature of Co-based alloys alloys beyond 1000 °C



[11]. In fact, the Ni-base and Fe-base ODS alloys have been developed, and already
partially used as industrial materials [12-16]. Besides, in addition to their superior
creep resistance and favorable high-temperature strength, ODS superalloys show
better oxidation resistance than the ODS-free alloys with the same basic composition,
which has been frequently proved with a large number of reports about oxidation
behavior of Fe- and Ni based ODS superalloys [17-19]. However, the Co-based ODS
system has received much less attention than Ni-based ODS and Fe-based ODS
superalloys, and the study of high-temperature oxidation in Co-based ODS
superalloys is scarcely conducted [20-22]. Zhang et al. proposed that Hf is effective to
reduce the oxide particles size that could enhance strength significantly by forming
Y,Hf,05 particles [23, 24]. Takezawa et al. had discovered Co-3Al-1.5Y,05-1.2Hf
ODS alloys, and they found that the oxide particles are extremely stable at the
temperature above 1000 °C, suggesting that the high temperature strength of this
Co-based ODS superalloys can be enhanced dramatically as compared with the
conventional Co based superalloys [25]. Soon afterwards, Sasaki et al. announced that
Co ODS alloys were able to maintain high hardness with an outstanding
microstructure stability after annealing at 1000 °C for 240 h, owing the pinning of
grain boundaries by the dispersed oxide particles [26].

In the present Phd work, aimed at developing novel Co-based superalloys with
superior oxidation resistance and favorable strength at elevated temperature, the
Co-20Cr-(5, 10)Al (wt. %) ODS superalloys have been synthesized by more
Al-addition. 20 (wt. %) chromium was also introduced to promote the formation of
alumina scale according to the reports on oxidation behavior of conventional
Co-based alloys [20]. The Hf has been utilized to refine the oxide dispersoids, based
on the reports by Zhang et al., suggesting that Hf is effective to reduce the oxide
particles size by generating Y,Hf,O7 particles [23, 24], which are excepted to provide
a powerful guarantee for an improved strength at elevated temperature. In these
systems, high-temperature strength is maintained by the dispersed oxide particles [13,
27] and high-temperature oxidation is prevented by the alumina scale at the
temperature above 1000 °C [20, 28]. The detailed microstructure and the phases
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formed in Co-20Cr-(5, 10)Al (wt.%) ODS superalloys were investigated in terms of
variable aluminum content. The effect of Al content on the high temperature oxidation
properties of the novel Co-based ODS superalloys, as well as the influence of Cr and
Y,0; addition on the oxidation resistance were investigated through an isothermal
oxidation test at 900 °C and 1000 °C under air condition. Besides, the tensile test was
conducted to assess the novel Co-based superalloys and the related microstructure
characterization was carried out to explain the mechanical properties. Based on these
results, optimized composition was proposed from the points of high temperature

strength and oxidation resistance.



Chapter 2 Theoretical background

2.1 Co-based superalloys and their strengthening

Cobalt-based alloys have been wildly used in the manufacturing of various
components such as vanes or combustion containers in gas turbines, including the
industrial type and aeroengines. Although cobalt-based alloys show less strength than
nickel-based alloys at high temperature, it is still irreplaceable in the superalloys
category and to be studied persistently since the advantages that [29]: (1) A higher
melting temperature than nickel (1495 °C vs 1455 °C) which could further increase
the process temperature of the gas turbine; (2) Cobalt-based superalloys have a better
corrosion resistance. The diffusivity of sulphur in cobalt-based superalloys is
approximately 100 times lower than in nickel based superalloys. In addition, the
higher chromium content in cobalt-based alloys gives superior hot corrosion
resistance in contaminated gas turbine atmospheres. (3) Cobalt-based superalloys
possess a better thermal conductivity, resulting in a greater thermal shock resistance

and better thermal fatigue resistance than nickel-based superalloys.

2.1.1 Carbide precipitate strengthened

In the 1940s, the cobalt-based alloys were come into service for the
manufacturing of high temperature component, i.e., the HS-21 (derived from
cobalt-chromium-molybdenum) was initially used for making turbochargers and gas
turbine. Thereafter, the wrought Co-Ni-Cr alloy S-816 was developed and used for the
producing of gas turbine blades and vanes. And in 1943, the modified Co-Ni-Cr-W
alloy X-40 come out and still be used in gas turbine vanes. Their design is aimed
primarily at improving elevated temperature strength by use of solid solution and
carbide precipitation strengthening mechanisms. Such mechanisms must tolerate
substantial additions of chromium (above 20 wt. %) in order to obtain a satisfactory
oxidation resistance and a good hot corrosion resistance. Solid solution strengthening
results principally from the additions of chromium, tantalum, niobium and tungsten
[30]. Carbide precipitate strengthened Co-based superalloys are achieved by the

precipitation of cubic and non-coherent carbide partlcles, which are mainly composed
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of chromium-carbide [29]. In order to ensure the formation of enough carbides
precipitants, a high chromium contents in the range of 18 to 35 wt. % and carbon
contents from 0.25 to 1.0 wt.% are introduced into composition, in which the carbon
contents is much higher than that in the austenitic stainless steel (0.02 to 0.20 wt.%)
and Ni-based superalloys (0.05 to 0.20 wt.%). Most of the carbides precipitate during
the process of solidification, and decorate at grain boundaries and phase boundaries,
which inhibit grain boundary sliding and benefit to the grain and phase stability at
elevated temperature. The strength of cobalt-based superalloys is inversely related to
the carbide particle size and directly related to the volume fraction of carbides [30].
Besides, the carbides are metastable and could be broken down to the secondary
carbides with fine grain size during aging or mechanical working, which is beneficial
to the improvement of mechanical properties through pinning dislocation and
hardening matrix [31].

According to the content of Cr, the carbides in Co-based superalloys could be
classified into M;C,, M7C; and M;3Ce. Basically the chromium enriched carbides
contain Co, tungsten (W), or molybdenum (Mo), which would in place of the Cr
position in the carbides. M3C, and M;C; are easily to form in the Co-based alloys
with a low Cr/C ratio, which shows a rhombic crystal structure and a trigonal crystal
structure, respectively. M;Cs 1s metastable and can be dissolved during solution
treating and transforms to M»3Cs during aging heat treatment with following
decomposition reaction [32]:
23Cr;C3 = 7Cry3Cq + 27C (2.1)
Meanwhile, a re-precipitation reaction would occur if the Cr content is high enough,
as shown below, resulting from the combination of the dissociative carbon atoms and
other chromium atom in the alloy matrix.
6C + 23Cr — Cr,3Cq (2.2)
M;3Cs is the main secondary strengthened phase in the superalloys which contains a
high Cr/C ratio. Basically, the M,3Cs shows a relatively fine grain size with a unique
shape of an interdendritic precipitate within the secondary dendrite arms, even though
the detailed morphology is determined by the chemical composition and the process
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of cooling rate [33, 34].

In addition, MC and M¢C are another kind of carbides that enrich refractory
elements, such as zirconium (Zr) tantalum (Ta), hatnium (Hf), niobium (Nb), etc. MC
carbides are typically the form of TaC, HfC, NbC, etc., which possess high stability
and form in the process of solidification. In most of commercial Co-based alloys, the
MC carbides are observed to be dispersed inside both matrix and along grain
boundaries and grain boundary triple junctions. Besides, MC carbides are also
metastable and could react with matrix during service, resulting in the generation of

MqC via the equation below [29],

MC + austenite - M,C (2.3)
Such as
TaC + (Co, Ni, Cr,C) — (Co, Ni),(Cr, Ta),C (2.4)

Optimum mechanical properties are obtained through a balance between the carbides
at the grain boundaries and those in the matrix. Grain boundary carbides, regardless of
type, should be present as discrete particles. Continuous carbide networks at grain
boundaries reduce impact ductility and creep rupture properties.

Table 2.1 listed several typical carbide precipitates strengthened Co-based
conventional alloys, in which the detailed chemical compositions were given. Besides,
Fig. 2.1 shows the figure of ultimate tensile strength (UTS) vs. temperature for those

conventional Co-based alloys.

Table 2.1 Several typical carbide strengthened Co-based alloys and corresponding
elemental compositions

Alloys Compositions (wt %)
Co C Cr Ni W | Ta Fe Nb Other
Haynes 188 Bal. 0.1 22 22 14 <3 0.07La, Si, Mn
MAR-M302 | Bal. 0.85]21.5] <15 10 9 <1.5 0.05B, 0.2Zr
MAR-M509 | Bal. 0.6 | 225 7 |35 0.2Ti, 0.5Zr
WI-52 Bal. 045 | 21 <1 11 2 2 0.3Mn, 0.3Si
X-40 Bal. 0.5 | 255 10 7.5 <2 0.7Mn, 0.8Si
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Fig. 2.1 UTS vs. temperature in carbide strengthened Co-based alloys.

2.1.2 y’-Cos(Al, W) precipitate strengthened

Since the development of advanced vacuum melting techniques in the 1950s, a
high content of reactive elements such as Al and Ti could be added into alloy without
oxidation in high vacuum atmosphere, resulting in the exploitation of y’ strengthened
(Ni3Al compound with L1, structure) Ni-based superalloys [35], which possess
stronger mechanical properties than Co-based alloy. In the 1950-1970, the y’-NisAl
strengthened Ni-based superalloys were widely studied and rapidly developed to be
the main force in high temperature materials. Therefore, in order to overcoming the
shortage of conventional carbide strengthening, a comparable precipitation hardening
mechanism with the y’-Ni3Al strengthened Ni-based superalloys was trying for the
discovering of Co-based alloy. In the 1970s, the Co-based superalloys decorated with
a y' (CosTi) phase was developed, but the application of this alloy was limited since

an inferior stability of the y’ at the temperature above 750 °C [36]. In 2006, Sato. et al.



launched a new 7y’ strengthened Co-Al-W superalloys [5], which possess a high
strength comparable to Ni-based superalloys at elevated temperature. The high
strength is attributed to a Coj (Al, W) compound with L1, structure, similar to the
Ni3Al in the Ni-based superalloys, which could keep stability at the temperature up to
900 °C. Besides, this novel y’-Cos(Al, W) phase can coexist with the cobalt fcc solid
solution matrix with a favorable lattice mismatch of up to 0.53 %, allowing the
precipitate-matrix interface to be coherent. Therefore, profiting from a similar L1,
structure of the Ni3Al phase in the Ni-based superalloys, the new Cos (Al, W)
compound in Co-based superalloys is another possible strengthening approach to
broaden the application of Co-based alloys at high temperature. However, as
mentioned above, their strength is lost at temperature beyond 1000 °C due to the
v’-Cos(Al, W) phase dissolution, i.e. the service temperature is restricted to 900 °C [8,
9].

2.1.3 Oxide dispersion strengthening (ODS)
ODS has been wildly utilized for the development of high temperature

superalloys, in which the dispersion strengthening results from the fine oxide particles
which are densely distributed in matrix. In general, the oxide particles possess several
typical characteristics, such as an extremely high thermostability, inert and won’t react
with matrix, low diffusion rate and low interface energy, a high coherence with matrix,
etc [37]. Basically, Y,O3; has been adopted as the main oxide particles for the
manufacture of ODS superalloys in the world, since it almost meets all the
requirements and without radioactivity [38]. The amount of the particles shows a
close relationship with the mechanical properties, i.e., a high volume fraction of the
particles could enhance the strength but decrease the plasticity. Thus, the content of
the secondary dispersoid is usually controlled in the range of 0.5-2.0(wt. %). Besides,
at a given concentration of the partices, the dispersoid size and the average distance
between two particles are other two important factors, which should less than 0.05 um

and 0.1 um, respectively. Basically, ODS superalloys show following characteristics:
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(1) A high service temperature. In comparison with conventional superalloys, whose
strength is maintained to the temperature of 0.7 Ty, (Tn. Melting point), the ODS
superalloys can reach to the 0.857 T, and result in the improving of service
temperature by 100-200 °C; (2) A high yield strength, which is close to tensile
strength; (3) Superior creep properties at elevated temperature. The microstructure
shows high stability even after a long-term service at high temperature, which is
attributed to the pinning effect of the secondary dispersoids [39].

Dislocation theory has been deemed to as the representative view to interpret the
dispersion strengthening mechanism. In the ODS superalloys, the dispersed secondary
particles play as the strong barriers for the movement of dislocation during
deformation. In order to overcome the obstacles and move forward, the dislocation
lines need be loaded with a higher stress, resulting in a higher strength in the ODS
superalloys. Orowan mechanism is one of the most famous theories to describe the
process that the dislocations interact with or bypass the obstacles. The Fig. 2.2

schematically illustrates the Orowan mechanism, as shown below [40].

Dislocation line Dislocation loop

\ @9-’ @ ( —»
g @ @
@

o @1
(@) (b) (c) (d)

(a) Before interaction;
(b) Bowing when dislocations approach the array of obstacles;
(c) Forming dislocation loops; (d) Bypassing the particles.

Fig. 2.2 Schematic of Orowan mechanism
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In accordance with the above mechanism, when dislocation lines approach an
array of secondary dispersoid, it cannot bypass directly and will bow around the
particles until it leaves a dislocation loop on the surface of the obstacle. The bowing
of dislocation lines could increase the local lattice distortion energy and result in a

higher resistance for the dislocation motion and sliding [37].

Fig. 2.3 Equilibrium model between the dislocation and particles

Under the action of shear stress (1), the dislocation lines bow and form a circular
arc once approach the obstacles, the radius of this arc depends on the loaded stress (F)
and line tension (T) of dislocation. The bending angle (0) of the dislocation lines
during the interaction with the obstacles could be expressed with following equation
since the balance between the F and T (Fig. 2.3),
F=2Tsin® (2.5)
As the barriers for dislocation movement, the obstacles is obviously stronger than
single solute atoms, thus the 6, (critical angle) could be suppose to be a larger value.
When the 6 = /2, the dislocation line would keep semicircle and the F reaches to
maximum F .y,

12



Fax = 2T = 1.bA, (2.6)
in which, the t. is critical shear stress; the A is the distance between two particles on

dislocation line; the b is Burgers vector.
If substituting the T with its approximate value, %sz (G is shear modulus), the Eq.

(2.6) could be rewritten as follows,

TbA = Gb%, So . == 2.7)

The Eq. (2.7) proves that the yield stress is inversely proportional to the distance of
two adjacent particles, Therefore, the improvement of yield strength in ODS
superalloys could be achieved via shortening the interparticle distance [41, 42].

Until now, oxide dispersion strengthened Fe- and Ni-based superalloys have
already been partially used as industrial materials. The Table 2.2 and Table 2.3 have

listed typical Fe- and Ni-ODS superalloys, respectively [43].

Table 2.2 Several typical Fe-based ODS superalloys

Wt. %

Alloys Cr Al Ti Mo Y,0;5
MA956 20 4.5 0.5 - 0.5
MA957 14 - 1.0 0.3 0.25
PM2000 20 55 0.5 - 0.5
DT2906 13 - 2.5 1.5 0.75
DT2203Y05 13 - 2.2 1.5 0.5
ODM331 13 3 0.6 1.5 0.5
ODM751 16.5 4.5 0.6 1.5 0.5
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Table 2.3 Several typical Ni-based ODS superalloys

Wt. %

Alloys Cr Al Co Ti Mo w Ta Y-,0;3
MAT754 20 0.3 - 0.5 - - - 0.6
MA758 30 0.3 - 0.5 - - - 0.6
MA760 20 6.0 - - 2.0 3.5 - 0.9
MA6000 15 4.5 - 2.5 2.0 4.0 2.0 1.1

PM3000 20 6.0 - - - 3.5 - 0.9/1.1

PM3000S 17 6.6 - - 2.0 3.5 2.0 0.9/1.1
PM1000 20 0.3 - - 0.5 - - 0.6
T™O02 5.9 4.2 9.7 - - 12.4 4.7 1.1
Alloy98 6.8 5.2 5.1 - - 8.6 5.7 1.1

However, almost no ODS Co-based superalloys could be referred for the

application in industry field. As mentioned in above section, there are only a few

researches had been conducted for the Co-based ODS superalloys. The development

of the oxide dispersion strengthened Co-based superalloys starts to be focused since

Zhang et al. proved that the Y-Hf oxides works effectively for the strengthening of

Co-based alloys [23].
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2.2 High temperature oxidation in air

In the design of Co-based superalloys, the high temperature oxidation resistance
must be another key point to be considered, since the alloys would suffer from a metal
loss with the formation of oxide scale in surrounding air, and the high temperature
environment could further accelerate the process of this oxidation. Almost all the
metals would be oxidized due to the reaction with oxygen. The oxidation process is
unavoidable and continuously happens in oxidizing environments. If the alloys show a
high oxidation rate during the oxidation process, the components of this alloy would
be invalid since an erosion of the metal. In order to improve the oxidation resistance
at elevated high temperature, for most of conventional Co-based alloys, overlay
coating has been wildly applied to deposit a protective layer at the alloy surface, such
as the thermal barrier coating (TBC). However, it’s also significant to modify the
substrate metals, which can provide a superior oxidation resistance automatically, i.e.,
the substrate could form a thin and protective oxide scale on the surfaces during the
oxidation reaction, which possesses a low growth rate and suppress the further
oxidation.

Initially, an oxide scale could be established rapidly on the surface of the bare
substrates, especially in an elevated temperature, which could promote the process
with higher reaction kinetics. Thereafter, if the oxide layer is compact and protective,
the oxidation rate could be decreased gradually with the increasing of the scale
thickness. The detailed rate of this oxidation reaction depends on the properties of the
oxide scales, such as chemical composition, structure, growth rate, compactness,
adherence, etc, which directly affect the transport processes of the cation and anion
within the scale and the capability as a physical barrier between the interface of the
outer air and inner metal. In general, thermodynamic and kinetic are two different

starting points to interpret the high temperature oxidation behavior of alloys.

2.2.1 Thermodynamic aspect

Once the bare alloys expose in gaseous oxygen environment, oxidation process

would happen between the metal and oxygen with the typical reaction listed below,
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M+ 0, = MO, (2.8)
in which M represents the reacting metal, such as Fe, Ni or Co; MO, is corresponding
oxide, and its detailed chemical formula depends on the chemical valence of M.

The driving force for this reaction is Gibbs energy change (AG), i.e., the oxidation
process can occur spontaneously only with a negative value of AG, and more mass
gain would happen with the increasing of the oxides. If the AG equals to zero, the
oxidation reaches to a thermodynamic equilibrium and oxidation mass gains stops
[44].

Based on the Van’t Hoff isothermal equation, the Gibbs energy change at a constant

temperature (T) could be expressed with following equation:

AG= AGy+RT-InK (2.9)
O‘fvloz
= —= 2.10
amPo, ( )

AGy is standard Gibbs free energy change at the temperature of T; R is gas constant;

K is Equilibrium constant; oy and oyo, is the activity of metal M and its oxides

MO,, respectively, both equal to 1; p62 is the oxygen partial pressure in surrounding
air.
If the AG equals to zero and the reaction reaches to a thermodynamic equilibrium, the

equation (2.9) could be written as follows:

A Gy = —RT - InK = —RTIn—202. (2.11)

amMPo,

where T is the temperature of the thermodynamic equilibrium; oy and oy, are the
activity of the metal M and oxides MO, at this T, both equal to 1, as well; pg,
represents the oxygen partial pressure in the thermodynamic equilibrium, also equals
to the dissociation pressure of the MO, oxide.

Substituting Eq. (2.11) into Eq. (2.9), we obtain Eq. (2.12) as follows,

AG = —RTIn— + RTIn— (2.12)

pOZ pOz

Therefore, on a constant temperature T, based on the Eq. (2.12), it’s able to directly

judge that the alloys would be oxidized or not via comparing the dissociation pressure
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of the MO, oxide (po,) and the oxygen partial pressure (pé)z). It péz > po,, the AG

will less than zero and results in the formation of more oxide MOy; If the pg, = po,,

the AG will equal to zero and oxidation reaction reach to the thermodynamic

equilibrium; If the p()Z < po,, the AG will be greater than zero and the reaction

occurs toward the dissociation direction of the oxide MOs,.

In general, the oxygen partial pressure could be deemed to a constant in a normal

atmospheric condition, i.e., po, = 21.28 KPa . Thus, the stability of a metal in the

normal air could be known through comparing the value of the dissociation pressure
of oxide. Table 2.4 shows a list of the dissociation pressures of some typical oxides at

1000 °C.

Table 2.4 The dissociation pressures of some typical oxides at 1000 °C.

Equations Dissociation Equations Dissociation

pressure/KPa pressure/KPa
ALO3=2 Al+3/2 O, 1.3%x107% CoO0=Co+1/2 O, 1.6x10™"
Cr,05=2 Cr+3/2 O, 2.3X107?%° C0304=3 CoO+1/2 O, 2.7%10°
FeO=Fe+1/2 O, 1.7x 107" MnO=Mn+1/2 O, 1.1X107%
Fe;0,=3 FeO+1/2 O, 2.8x10™" Mn;0,4=3 MnO+1/2 O, 22X%10™
Fe,05=2/3 FeO+1/6 O, | 1.7X10* | MnyO3=2/3 Mn;04+1/2 O, 1.3X10°
NiO=Ni+1/2 O, 1.7%X10% Si0,=Si+0, 1.1X107%

In 1944, with the advent of the famous Ellingham/Richardson diagrams [45], as
shown in Fig. 2.4, in which the standard free energies for the formation of several
typical oxides have been listed along with the changing of temperatures, the
corresponding dissociation pressures of the oxides and the standard Gibbs free energy
of the oxide formation could be obtained conveniently. It could be understand directly
that which phases form and in what sequence, the metal which is more close to the

bottom of this diagram would possess a higher affinity for oxygen, i.e., the oxidized
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products should be more stable.
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Fig. 2.4 Ellingham/Richardson diagram for several typical oxides

However, there are several limitations on the application of the
Ellingham/Richardson diagram, i.e., (1) the diagram only can be used in an
equilibrium system, is invalid for non-equilibrium system; (2) Basically, the diagram
is for the reactions without any solution participates; (3) the diagram is capable for
judging the possibility of oxidation reaction and forecasting its tendency, cannot

indicate the oxidation rate quantitatively which belongs to the field of kinetics [46].
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2.2.2 Kinetics aspect

The oxidation kinetics of metals on high temperature is another important
knowledge for explaining the oxidation mechanisms since the Ellingham-Richardson
diagram is unable to take into account for the kinetics of the oxidation process. The
oxidation kinetics is focusing on the growth of oxide scales and its growth regulation,
in other word, the rates of the scales formation. Generally, the rates of the oxidation
are determined by chemical compositions, temperature, reaction time, surrounding air,
surface preparation, etc. Due to the fact that the oxidized products are usually located
on the surface of metals, the oxidation rate could be expressed with the mass gain on
unit area, AW (mg/cm?). The thickness of scale with the function of mass gain has

been shown below,

_ AWMy

e (2.13)

2

where y is the thickness of scale; AW is the mass gain on unit area; Mgx and Mg, is
the molar mass of the oxides and oxygen, respectively; D is the density of oxides.

The regulations of oxidation kinetics depend on a lot of factors, such as the kinds
of metals, oxidation temperature and exposure time. It could obeys different oxidation
kinetics even the same metals but oxidized at different temperature; whereas at a
constant temperature, the oxidation kinetics would alter to be another one with the
elongation of exposure time. In the case of the design for high temperature alloys, the
oxidation kinetics has been paid high attention since that it's able to estimate the
service life of the alloys components at a given temperature and atmosphere.
Commonly, the oxidation kinetics curves follow the regulations of linear, parabolic,

logarithmic and cubic [47].

2.2.2.1 Linear law

At high temperature, due to a fast adsorption of oxygen, an initial oxide film would be
formed rapidly on the surface of the bare metals. If the oxide film cannot develop to
be a protective scale, such as evaporating or spallation, the oxidation rate would be
determined directly by the formation speed of the oxides. Thus, the growth rate of the
oxide scale will be a constant, as shown below,
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dy/dt =k (2.14)
in which, y is the thickness of scale; 7 is the oxidation time; & is a constant.

If taking the integral of Eq. (6), the following equation can be obtain,

y=kt+C (2.15)
Thus, based on the Eq. (2.15), the thickness of scale possesses a linear relationship
with exposure time. The integration constant (C) depends on the scale thickness at the
initial stage of oxidation. If the oxidation starts from a bare metal without any oxides,
the C could be equal to zero, and so,

y =kt (2.16)
In general, it has been expressed with the mass gain in experiments,

Am = kqT (2.17)
Actually, the scale growth of alkali metals and alkaline-earth metals show the linear
law, such as the magnesium (Mg) oxidized at 503-575 °C. The linear regulation
results from an invalid oxide scale, the oxidation rate is controlled only by the

activation energy in the chemical reaction of the oxides.

2.2.2.2 Parabolic law

Once a continuous oxide film has been established on the surface of substrate, the
further oxidation should be conducted via diffusion process, i.e., the cations diffuse
outward and anions diffuse inward. The rate of the diffusion rate of these ions could

be described with Fick’s first law:

vq = —D(d./dy) (2.18)
where D is diffusion coefficient; d./dy is concentration gradient. If the oxidation
process happens under a stable diffusion condition, the diffused ions won’t
accumulate at any sections of the scale, so the concentration gradient (d./dy) could be

replaced with the formula of (cym-co)/y, and the Eq. (2.18) will be

va = —D(cm/co)/y (2.19)
in which ¢y represents the concentration of oxygen at the interface of metal/scale; cg
represents the concentration of oxygen at the interface of scale/air.
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Further assuming that the oxidation process would be dominated by oxygen
inward diffusion, the ¢y will equal to zero. In other word, due to a slow diffusion
rate, all the oxygen diffused inside scale is consumed by the oxidation reaction, and
the Eq. 2.19 should be written with the following formula,
vq = Dc,/y = vg (2.20)
Therefore, the oxidation rate (vq) controlled by the diffusion process equals to the rate
of diffusion, which is proportional to the concentration of oxygen in surrounding air
and inversely proportional to the thickness of scale. Besides, the Eq. (2.20) proves
that when the oxygen concentration is fixed, the vy will be reduced with the
increasing of the scale thickness at a given temperature, i.e.,
voool/y (2.21)
If using the growth rate of the scale thickness to express the oxidation rate, the Eq.
(2.21) changes to be next equation,

vo =dy/dt =k'/y (2.22)
Once to take the integral of Eq. (2.22),
[ ydy = k'dr, and then y? = 2k't+ C or y> =kt +C (2.23)
where, k& is the rate constant of parabolic; y is the thickness of scale; C is the
integration constant.

In respect of most of common metals, the solid oxide scale with a compact
structure would be formed during a wide temperature range. The diffusion rate of ions
is relatively slow in the solid oxide scale, especially for the metal cations diffusion
outward. Once the protective oxide scales form, the oxidation process basically shows
a parabolic regulation and the oxidation rate will be decelerated with the increasing of
scale thickness. However, based on actual measurements, a lot of metals were
observed to deviate from the square parabolic law.

Usually, the Eq. (2.23) has been written as another common equation, as follows,
y' =kt +C (2.24)

In the case of n < 2, which indicting that the retardation of the diffusion did not
increase proportionally with the growth of the scale thickness, the higher oxidation
rate would be attributed to vacancies or some other defects in the scales and metals.

21



On the contrary, if the n > 2, it means that the retardation for the diffusion is stronger
than the retardation caused by the growth of scale thickness. The formation of other
new oxides which possess more compact structure than initial oxides would be one of

the reasons, such as the spinel Co(Al, Cr),0s.

2.2.2.3 Logarithmic law

In respect of the oxidations took place at a low temperature or room temperature,
the formation rate of the oxide scales in several metals could be extremely rapid at the
beginning, and then decrease to be a slow rate with the elongation of exposure time.
This oxidation behavior follows the logarithmic and antilogarithmic regulations, in
which the oxidation rate-scale thickness should be an exponential relation, and so
dy/dt = Ae™BY (2.25)
dy/dt = AeBY (2.26)
in which, y is the thickness of oxide scale; T is the exposure time; A, B are constant.
Taking the integral of the above two equations, getting
y = kqlg (kT + k3) (2.27)
1)y = k4 — kslgt (2.28)
the k, represents constant.

Both the above two logarithmic and antilogarithmic regulations can only occur
when the oxide scale is very thin, indicating that the retardation of oxidation is much
stronger than the parabolic regulation. It’s know that the oxidation of Fe obeys the

logarithmic law at the temperature of 305 °C and 252 °C in air.

2.2.2.4 Cubic law
In a certain temperature range, the oxidation of some metals would follow the
cubic law, such as Copper (Cu) at the temperature of 100 °C to 300 °C. The cubic
regulation can be expressed with next formula,
y> =kt+C (2.29)
where y is the thickness of scale; & is the constant of oxidation rate; T is exposure
time; C is a constant.
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In general, the cubic law is only available for the short-term oxidation process,
and occurs at a low temperature with the formation of a thin scale. The reasons for
this characteristic may be associated with the transport process that passing from the

space-charge region in oxides.

2.2.3 Influence of other alloying element on the oxidation behavior

As mentioned in above chapter, Cr is the main element which has been
introduced into the Co-based alloys. In the most of Co—Cr alloys, in order to maintain
a best oxidation resistance with the minimum parabolic rate constants, the content of
Cr has to be adjusted within a maximum range of 20-25 (wt. %) and results in the
formation of Cr,O3; scale and small amounts of CoO and spinel CoCr,O4. If
decreasing the Cr content, the oxidized products is dominated by CoO which exhibits
a faster oxidation rate. The formation of the Cr,03 scale is not only depending on the
content of Cr, but also on the atmosphere. Based on the reports focused on the
oxidation behavior of Co-Cr alloys at 1000 °C, 35 wt. % Cr is needed to maintain a
continuous Cr,0O3 scale in oxygen at 760 torr, even though 20-25 wt. % Cr is enough
for the formation of Cr,Oj3 scale in air at 1 atmosphere [20, 48, 49]. The Cr,0O; scale
has been utilized as a main protective scale in the conventional Co-based alloys to
prevent further oxidation. However, if the service temperature has risen above 900
°C-950°C, the Cr,05 scale will be decomposed with the volatile CrO3[21]. Alumina
has been considered to be more protective scale than other conventional metal oxide
scale due to its lower growth rate and nonvolatility at elevated temperature, but the
production of alumina-forming in the alloys has high-demanding on alloys
composition with high Al content.

In respect of Co-based alloys, the development of alumina scale also has been
conducted. For example, Irving, et al, investigated the oxidation behavior of Co-Al
binary system at 1000 °C [20]. They found that it’s necessary to add the aluminum
content of 10-13 wt. % to maintain the formation of a continuous Al,O; scale.

However, according to the reference that the Co-based superalloys usually cannot
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form an alumina protective oxide layer in service, since the Al addition is generally
deleterious effect on mechanical properties and no sufficient aluminium could be
introduced. Interestingly, it has been claimed that the addition of Cr to Co-Al base
alloys markedly reduced the level of Al required in the ternary alloy below that
required in the binary to form a continuous external scale of Al,Os [20].

Wallwork and Hed [28] summarized the oxidation behavior of Co-Cr-Al alloys
via a mass of oxidation experiments in oxygen at 760 torr and the temperature from
1000 °C to 1200 °C. They find that the oxide scales in the Co-Cr-Al system could be
divided to be four sections with the increasing of Al and Cr content, i.e., (1) With a
low addition of Al/Cr, the scale is dominated by CoO, with possibly some Cr/Al in
solution; (2) A duplex scales is developed with the increasing of Cr/Al concentration,
an outer layer of CoO scale and an inner CoO layer with the distribution of Co(Cr,
Al),04 spinel particles; (3) The formation of CoO oxide is suppressed if more Cr/Al is
added, and an continuous Cr,Os forms at external layer, with several Al,O; particles at
inner band; (4) An external Al,O3 could be established at surface if the sufficient
content of Cr/Al is introduced. Beside, based on the abundant research work on the
oxidation behaviors of Co-Cr-Al ternary system, the Co-Cr-Al oxide map at 1000 °C
has also been achieved, as shown in Fig 2.5, in which the supposed four sections has

been quantitativelv divided with the content of Cr/Al.

Cr 0 70 80 90 100 Co
Co (at%)
I: CoO; II: CoO/CoAl0,/CoCr,0,;
II: External layer of Cr,0;, internal Al,0;;
IV: AL O;.

Fig. 2.5 The oxide map of the Co-Cr-Al system at 1000 °C.
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Besides, the effect of a lot of other element additions on the oxidation behavior of
Co-based alloys also have been investigated, as shown in next Table 2.5, in which the
substrate alloy is Co-(20-30)Cr (wt. %) alloys and the chromia is the main oxide

product [50].

Table 2.5 The dissociation pressures of some typical oxides at 1000 °C.

Alloying element Probable effect on the oxidation behavior
Iron Beneficial; accelerates spinel formation
Manganese Beneficial; accelerates spinel formation
Carbon Deleterious; consumes Cr content
Yttrium Beneficial; improves scale adherence
Vanadium Harmful, even at 0.5%
Niobium Harmful, even at 0.5%
Nickel Slightly deleterious
Tungsten Harmful at temperature above 1000 °C
Molybdenum Deleterious; forms volatile oxides
Titanium Innocuous at low level
Zirconium Innocuous at low level

W.J. Quadakkers et al. also proved that the presence of the Y,0O3 decreased oxide
growth rates by reducing cation diffusion in scales and causing the oxides on the
Fe-based ODS alloys to grow mainly by oxygen grain boundary transport [51]. In
respect of the y’-Cos(Al, W) precipitate strengthened Co-Al-W system, as mentioned
in above sections, since the y’-phase is available only at a narrow composition range,
there are not so much other alloying elements could be introduce to the system. For
instance, the Cr addition which is beneficial to corrosion resistance has been

determined to have a deleterious effect on y’ stability [9].
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2.3 Scientific aims of the present work

Oxide dispersion strengthening is wildly used to develop high-temperature
superalloys, such as Fe- and Ni-based ODS superalloys [12-16]. Besides their
superior creep resistance and favorable high-temperature strength, ODS superalloys
show better oxidation resistance than the ODS-free alloys with the same basic
composition, which has been frequently proved with a large number of reports about
oxidation behavior of Fe- and Ni based ODS superalloys [17-19]. However, a
comparable attention on the development of Fe-based and Ni-based ODS superalloys
has not been paid for Co-based ODS superalloys, and even no literatures could be
referred about the high-temperature oxidation of Co-based ODS superalloys.

Nowadays, the Ni-based superalloys are widely used for the gas turbine blades and
vanes, however their strength is lost at temperature beyond 1000 °C due to v’
dissolution; thus service temperature is restricted to 900 °C. Co-based alloys possess
high hot corrosion resistance than Ni-based alloys, which is more suitable for the
atmosphere of gas turbines. The conventional Co-based alloys is strengthened by
carbides precipitate and latterly developed y’-Co3(Al, W) precipitate, but both of
these method should be invalid due to a poor stability at elevated temperature up to
900 °C. It’s significant to enlarge the limitation of the using temperature in the
Co-based alloys. Focusing on dispersed oxide particles, which are extremely high
thermal-stability at the temperature above 1000 °C; thus it could be trusted that the
oxide dispersion strengthening (ODS) is an effective approach to increase service
temperature of Co-based alloys beyond 1000 °C. Consequently, the goal of this
research is to develop innovative Co-based ODS superalloys, which should be utilized

at elevated temperature up to 1000 °C.
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Chapter 3 Specimen fabrication

3.1 Investigated compositions

In order to develop Co-based ODS superalloys with excellent mechanical
properties and oxidation resistance at the temperature above 1000 °C, a strong ODS
effect with the dispersion of fine secondary particles and the alumina-forming scale
are the primary objects in the design of the novel Co-based ODS superalloys. Aimed
at developing alumina-forming Co-based superalloys, an incremental aluminum
content of the 5 wt.%, 10 wt.% and 15 wt.% were added into the designed Co-based
superalloys, and 20 wt.% chromium was also introduced to promote the formation of
alumina scale according to the reports on oxidation behavior of conventional
Co-based alloys [20]. Based on the Co-Cr-Al phase diagram computed with the
thermodynamic software Pandat, as shown in Fig. 3.1, the basic composition of
Co-20Cr-(5, 10) Al (wt. %) system are composed with the Co solid solution phase
with fcc structure and B2 phase with bee structure, which offers the guarantee for a
good ductility and a favorable strength, respectively. However, the volume fraction of
B2 phase was increased significantly with the Al content from 5 wt. % to 10 wt. %,
i.e., in contrast with an almost equal volume fraction of B2 and fcc phase in 10Al, the
fcc phase is dominant in the 5Al. Besides, the Hf was added to refine the oxide
dispersoids, based on the reports of Zhang et al that Hf is effective to reduce the oxide
particles size by generating Y,Hf,O; particles [23], which is expected to provide a
powerful guarantee for an improved strength at elevated temperature. In addition,
since the advantages of the Cr and Y,O; addition for the increasing of oxidation
resistance in the Fe-based ODS superalloys, the samples without Cr and Y,0;
addition also has been prepared to investigate the effect of Cr and Y,O; on the
oxidation behavior of the Co-based ODS superalloys. All the investigated
compositions in present work have been listed in following Table 3.1, in which the
abbreviations of 5Al, 10Al and 15Al are used to define each alloy with the Al

concentration from 5 wt.% to 15 wt.%.
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CoAl phase
(B2)

Co solid solution (FCC-A1)
0 10 20 30 40 50
Wt. % (Cr)

Fig. 3.1 The ternary Co-Cr-Al phase diagram calculated with Pandat software at 1100 °C.

Table 3.1 Nominal compositions of the investigated alloys and utilized

abbreviations.
Alloys Elements, wt. %
Co Cr Al Hf Y,0;
5AICrY Bal. 20 5 2.4 1.5
5AICr Bal. 20 5 0 0
10AICrY Bal. 20 10 2.4 1.5
10A1Y Bal. 0 10 2.4 1.5
10AICr Bal. 20 10 2.4 0
15AICrY Bal. 20 15 2.4 1.5
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3.2 Fabrication process of alloys

All the investigated alloys in present work were basically fabricated with the
following processes; Firstly, all the elemental powders were mixed and mechanically
alloyed (MAed) for 48h under argon gas atmosphere using a planetary type ball mill
(Fritsch P-5). Subsequently, the mechanically alloyed powders were consolidated in a
graphite mold by spark plasma sintering (SPS) at 1100 °C and 45MPa for 2h, an then
followed by a hot-rolling at 1200 °C into samples in 3 mm thickness. The final
annealing was conducted at 1200 °C for 1 h under vacuum of 10™* Torr. Fig. 3.2

schematically illustrates the detailed processes.

Powders

=> Mixed powder

0

(2) Consolidation
Consolidated .f\
alloy Carbon
\qcy = *
: sheet

Fig. 3.2 The simple flow chart for the fabrication of the Co-based ODS superalloys.

(4) Vacuum Annealing

—_— ) —

Quartz tube Sample

3.2.1 Mechanical alloying

Mechanical Alloying (MA) is one of the most commonly used methods to prepare
the powders of the oxide dispersion strengthened (ODS) superalloys. Conventional
melt processing techniques cannot be applied to fabricate ODS superalloys, due to the
extremely different density: density of Y,Oj3 is half of that of Co-alloy, which induces
separation at the melting processing. MA is a process of high-energy ball milling and
able to form nano-crystalline structures via the milling of powders, which has been
claimed in many reports. On the effect of high-energy ball milling, particles are

subjected to repeated flattening, cold welding, fracturing and rewelding, leading to a

29



severely plastic deformation repeatedly. The main function of MA is to break up the
chemical bonds in the Y,0; particles and to force the Y, Hf and O to compound and
incorporate into the Cobalt matrix [23].

The detailed MA parameters used in present work are listed as follows,

Type of machine: FRITSCH Pulverisette 5 planetary ball mill;

Rotation speed: 300 rpm;

Total time: 72 hours (48 h milling and 24 h pause);

Ball/Powder ration: 10:1 (weight);

Milling atmosphere: Argon.

3.2.2 Consolidation

All the investigated samples were consolidated with spark plasma sintering (SPS).
The SPS process depends on the electrical spark discharge phenomenon.
High-temperature spark plasma appears in the microgaps between the powder
particles, a local high temperature state of over 1000 °C momentarily occurs. This
causes vaporization and the melting of the surfaces of the powder particles during the
SPS process [52], resulting in a rapid consolidation with loading pressure. Besides,
SPS is one of the consolidation methods to produce bulk materials with densities
close to their theoretical values. In the present work, the mechanically alloyed
powders were consolidated in the graphite mould with the dimension of 15 mm
diameter and 30 mm length by (SPS). The SPS was carried out at 1100 °C and 45MPa

for 2h in vacuum of 6 Pa.

3.2.3 Hot rolling

In the process of consolidation, a pressure of 45MPa was loaded on the bulk
materials along the vertical direction. The hot rolling is performed to further compact
samples with loading shear stress, which could further compact bulks via eliminating
residual pores. Besides, a high temperature at rolling process could avoid the

occurrence of cracks, especially for the Co-based alloys with high aluminum addition,
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which possesses a high brittleness with a high volume fraction of CoAl (B2) phase.
Before rolling process, the bulk materials would be loaded into a steel case and
then heated to 1200 °C with a super-furnace, followed by the rolling with a decrease
of 1 mm per time. After each rolling, the samples would be reheated to 1200 °C and
then rolling again, until a final thickness of 3 mm. In this place, one point should be
emphasized that the 15AICrY samples were severe cracking after the hot-rolling, as
shown in the Fig. 3.3, the processability is quite low with a relatively high volume

fraction of CoAl phase.

T
0 190 2.0 20220 23n  2an

Fig. 3.3 The 15AICrY sample after hot rolling at 1200 °C.

3.2.4 Annealing
Followed the hot rolling, the final annealing was conducted at 1200 °C for 1h

under vacuum of 10™ torr to release machining stress.
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Chapter 4 Microstructural Characterization

4.1 Experimental details
The novel Co-20Cr-(5, 10, 15)Al-2.4Hf-1.5Y,0;3 (wt. %) ODS superalloys were

designed and fabricated by MA, SPS, hot rolling and final annealing at 1200 °C. The
crystalline morphology and the components distribution of MA powders were
detected using X-ray diffraction (XRD, Philips X' Pert PRO) and electron probe
micro-analyzer (EPMA, JEOL JXA-8530F) mapping. The microstructures of the
annealed samples were observed by scanning electron microscope (SEM, Carl Zeiss
Cross Beam 1540 EsB), and the elements distribution was quantitatively analyzed
using electron probe micro-analyzer (EPMA, JEOL JXA-8530F). The distribution of
nano-sized oxide particles was analyzed using transmission electron microscopy
(TEM, FEI Tecnai T20 and FEI Titan G2 80-200), particularly their distribution
between different phases. In addition, atom probe analysis was carried out through
laser-assisted wide angle three-dimensional tomographic atom probe (LAWATAP)
which utilized ultraviolet femtosecond laser with the wavelength of 343 nm. The

nano-scale needle-like testing samples were prepared by electrochemical polishing.

4.2 Results

4.2.1 Morphology of MA powder

Fig. 4.1 shows the EPMA mapping of the cross-sectional microstructure of
MA-ed 5AICrY powders. The size of the final powder mixture is coarsened to more
than 50 pm as compared with the original cobalt powder size (1.5 pm) due to
repeating fracture and cold welding during MA. EPMA maps obviously indicate that
most elements dissolved uniformly into the cobalt matrix. These results are confirmed
by XRD analysis (Fig. 4.2), which shows that the peaks characteristic for Al, Cr, Hf
and Y,0; cannot be clearly detected. Decomposition of thermally very stable Y,0;
particles by the high energy ball milling has been studied in our group for Co-based
ODS superalloys [23].
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Fig. 4.1 EPMA element maps obtained from MA powders of SAICrY specimen.
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Fig. 4.2 XRD pattern of SAICrY powder milled for 48 h.
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4.2.2 Microstructural characterization

Fig. 4.3 shows the results of elemental analyses of the SAICrY sample after SPS
consolidation of the MA powder, followed by the hot-rolling and the final annealing.
From the back scattered (a) and the secondary electron images (b), the SAICrY
sample consists of three regions; i.e. the fine dark grey region with 0.2-0.4 um scale
marked by frame 1, the light grey matrix marked by frame 2 and the coarse light grey
regions corresponding to frame 3. The phase 1 possesses high Al concentration
according to the element map revealed in Fig. 4.3 (c), which is considered to be B2
phase. Since dense secondary phases with tiny white imaging contrast can be
obviously observed in the region 2 (but not in 3) in Fig. 4.3 (b), and their dispersion is
consistent with the heterogeneous distribution of Y, Hf and O shown on the element
maps in Fig. 4.3 (d) and (e), these are oxides particles distributed densely in the
matrix 2, but sparsely in the coarse region 3. The oxide particles decomposed by the
ball milling and then precipitated again, when the MA powers had been consolidated
at 1100 °C [23].

Fig. 4.4 shows the elemental analyses for the 10 AICrY sample. Frame 1 is the B2
phase due to enrichment in Al. Larger area of the frame 1 is consistent with a higher
volume fraction of the B2 phase predicted by the phase equilibrium because of
increasing Al content from 5 to 10 wt% Al. The B2 phase contains a large number of
oxide particles resulting from the participation of Y and Hf oxides in the area of frame
1 shown in Fig. 4.4 (d) and (e). The matrix with abundant particles and the coarse
smooth area with few particles have been also found in the alloy containing 10 wt.%
Al, as shown in the frames in Fig. 4.4 marked 2 and 3, respectively.

In addition, even the 15AICrY alloys cracked severely during hot-rolling process,
the microstructure observation was still conducted for some small parts of the
hot-rolled 15AICrY alloys. The SEM images and corresponding EPMA mapping are
exhibited in Fig. 4.5, in which the same three areas with the SAICrY and the 10AICrY
samples were detected. However, due to the significant increasing of B2 phase

volume fraction, a very limited grey area could be observed, as marked with frame 2.
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BSE/10kV

Fig. 4.3 SEM images of backscattered electron (a) and secondary electron (b) obtained
from the same location in SAICrY sample, (c)-(d) are corresponding EDS element maps of
Al, Y and Hf and O.
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BSE/10kV

Fig. 4.4 SEM images of backscattered electron (a) and secondary electron (b) obtained from
the same location in 10 AICrY sample, (¢)-(d) are corresponding EDS element maps of Al, Y
and Hf and O.
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Fig. 4 SM images obtained fom the llCr sampe, (c)-(h)are coesonding
EPMA elemental maps of Al, Co, Cr, O, Hf and Y.
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Fig. 4.6 (a) and (c) show the bright field TEM images of the SAICrY and 10AICrY,
and the corresponding aluminum elemental maps are shown in Fig. 4.6 (b) and (d),
respectively. The red color areas enriched with aluminum correspond to the B2 phase.
The three different regions of the 5 and 10 wt% Al shown in Fig. 4.3 and Fig. 4.4
were detected in Fig. 4.6, namely the areas enriched in Al, the matrix filled with
particles and the coarse smooth areas separately noted with 1, 2 and 3. Furthermore,
the selected area diffraction (SAD) pattern of each region has been performed and
their results are shown in Fig. 4.6 (a) and (c). From the SAD pattern, the region 1 was
confirmed to be the B2 phase, and the matrix 2 and the coarse smooth areas 3 were
proved to be the fcc phases.

The volume fraction of the fcc matrix and the B2 phase computed with Pandat
software is listed in Table 4.1. In addition, Fig. 4.7 shows the concentration of each
element predicted with the Pandat software in the fcc matrix and the B2 phase, as
compared with the results of EPMA measurement. Both, the software analysis and the
EPMA measurement, are almost consistent in predicting volume fraction and
composition. The mechanical alloying including Y>O3 powder was able to produce
almost the same results as those obtained for a thermal equilibrium condition in the

Co-20Cr-(5,10)Al ODS superalloys.
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Fig. 4.6 TEM images and corresponding EDS element maps, (a), (b) for SAICrY
and (c), (d) for 10AICrY, respectively: Al distribution is presented by red color.

Table 4.1 Volume fraction of FCC phase and B2 phase computed by Pandat

software code

Pandat 5CrYAl 10CrYAI
Phase FCC, % 90.4 45.7
Phase B2, % 9.6 54.3
i I EPMA measurement or I EPMA measurement

Bl Pandat software prediction

[+2]

o
@
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=

Co Cr Al Co Cr Al

FCC phase B2 phase
5AICrY

B Pandat software prediction

Co Cr Al Co Cr Al

FCC phase B2 phase
10AICrY

Fig. 4.7 The comparison of composition about FCC matrix and B2 phase of 5 AICrY
and 10 AICrY samples measured via Pandat calculation and EPMA analysis, respectively.
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4.2.3 Oxide particle characterization
Fig 4.8 (a) and (c) show HAADF-STEM images of the alloy containing 5 and 10

wt% Al respectively. All phases, the matrix fcc, the B2 phase and the coarse fcc
phase without oxide particles can be distinguished by the image contrast. According
to the corresponding EDS maps obtained for Al, Hf, Y, O, as shown in Fig. 4.8 (b) and
(d), most of coarse oxide particles are mainly dispersed along grain boundaries and
grain boundary triple junctions, whereas some of the fine oxide particles are located

within grains.

. Matrix fcc phase
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; R
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. R é
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Fig. 4.8 HAADF-STEM images obtained in SAICrY (a) and 10AICrY (c), (b) and (d)
show corresponding EDS elemental maps.
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Several larger white particles in Fig. 4.8 (a) could be observed, and their
dispersion is consistent with the Hf distribution in Fig. 4.8 (b), which means the
particles possess high Hf concentration, and also the presence of O and Y has been
proved in these particles with EDS analysis.

Fig. 4.9 presents 3DAP maps of Al, Y, Hf and O elements in the fcc matrix of the
SAICrY sample: Both, Al enriched oxide (Al,Os), and Y-Hf enriched oxide are
observed. The size of the Y-Hf oxide particles is 5 nm in average, and they are finer
than the Al,O3 particles except for one situated close to an Al,O; particle. The 1-D
compositional profiles along the larger Y-Hf oxide particle situated close to the Al,O3
and along a fine one are presented in Fig. 4.9 (c¢) by introducing the cuboids with light
blue and pink color, respectively. The composition of the coarser Y-Hf oxide particle
as well as the fine one is calculated as Co-7.7Cr-17.6Al1-10.7Hf-3.1Y-46.10 (at%) and
Co-10.3Cr-7.7A1-6.6Hf-9.1Y-25.20 (at%) respectively, which are close to the
compositions of Y,Hf;0;7 and Y,Hf,07 reported in the reference [23]. Fig. 4.9 (d)
shows the proximity diagram analyzed across the Al isoconcentration surface of an
Al,Oj5 particle, which demonstrates that the boundary between the Al,O; and the fcc
matrix is enriched with Y and Hf.

Fig. 4.10 shows 3DAP maps of Al, Y, Hf and O distribution in the B2 phase of
the 10AICrY sample. It is noticed that the average size of Y-Hf particle in the B2
phase is 12 nm, and it is significantly larger than that in the fcc matrix (5 nm). The
1-D compositional profile across the Y-Hf oxide particle has revealed that Hf element
(green line) is relatively enriched at the center, and Y element (blue line) is enriched at
the periphery of the particle. The composition of a central part and a peripheral
region shown in Fig. 4.10 (c) is calculated as Co-13.0Cr-1.7Al-14.3Hf-5.7Y-49.20
(at. %) and Co-13.1Cr-13.2A1-7.7Ht-6.3Y-27.10 (at. %), which correspond to
Y,Hf;0,7 and Y,Hf,0; compositions [23,26], respectively. This spherical core-shell

structure of the Y-Hf oxide particle is schematically illustrated in Fig. 4.10 (d).
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Fig. 4.9 The 3DAP atoms maps (a) and (b) obtained in fcc phase in 5 AICrY, (c¢) shows 1D
compositional profile along the longitudinal axis of the selected two cuboids in (b), (d) is

proximity diagram across the Al isoconcentration surface of one Al,Os particle taken from the
bottom of (b).
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Fig. 4.10 The 3DAP atoms map (a) (b) obtained in B2 phase in 10 AICrY, (c) is 1D
compositional profile along light blue cuboid shown in (b), (d) exhibits core-shell
structure consisted of Y,Hf;0,7 in the center and Y,Hf,O7 at the periphery.

4.3 Discussion

It was verified by the microstructural characterization of the Co-20Cr-(5,10)Al
ODS superalloys that composition and volume fraction of the Co-based solid solution
in the fcc matrix and the B2 phase for the SAICrY and the 10AICrY samples are
almost consistent with the Pandat software prediction. This finding means that a
thermal equilibrium condition can be attained in the process of SPS consolidation,
hot-rolling and final annealing, even though during the mechanical alloying technique
Y,0; powder was included. The fine oxides particles are densely distributed inside

the fcc solid solution and the B2 phase. Grain boundaries and phase boundaries are
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decorated with the oxide particles, as shown in Fig. 4.8. It is beneficial to the grain
and phase stability at elevated temperature, because the grain coarsening and the
phase boundary migration can be effectively hampered by the pinning effects of oxide
particles [53-55].

Concerning the oxide particles formation, the MA processing induces dissociation
of Y,0s3 particles, then yttrium, hafnium and oxygen atoms combine together and
precipitate as fine oxide particles during SPS sintering [23]. Under that condition, the
unique core-shell structure was formed, which is consisted of Y,Hf;0O;7 in the core,
and Y,Hf,0y at the periphery, suggesting that a coalescence of hafnium atoms is a key
phenomenon accompanied with the initial nucleation stage of the oxide particles,
because the core region contains higher Hf/Co atoms ratio.

From the 3D-AP results of the fcc matrix in the 5 wt% Al (Fig. 4.9) and the B2
phase of the 10 wt% Al (Fig. 4.10), Y-Hf oxide particles have been observed in both
the fcc matrix and in the B2 phase, but the particles size in the B2 phase is much
larger than that in the fcc matrix. The B2 phase is known as a bcc type of CoAl
intermetallic compound [56, 57]. Following measured composition of the B2 phase
shown in Fig. 4.7, the B2 phase produced in Co-Cr-Al ODS superalloys has smaller
Al-concentration than atomic ratio of Al/(Co+Cr) = 1: thus, Al-sites are replaced with
either Co-atoms or Cr-atoms[58]. Nakamura et al. pointed out that a deviation from
the stoichiometric composition towards Al-depleted side accelerates the diffusion of
Co-atoms [59]. Coarsening of the oxide particles in the B2 phase could be associated
with the enhanced diffusion of Y-atoms and Hf-atoms in the Al-depleted phase.

A coarse size of Y-Hf oxide particle is eventually seen in the fcc matrix. An
example is shown in Fig. 4.9(c), for which the formation process is considered to be
dominated by following two aspects. This coarse Y-Hf oxide particle is adjacent to a
large Al,Os particle, suggesting that the Y-Hf oxide particle was precipitated on the
interface of the Al,O; particle, and could be easily coarsened by rapid diffusion of
yttrium and hafnium atoms through the Al,Os3 particle/matrix interface. Another
possible aspect is associated with the crystal structure of Y-Hf oxide particle. This
Y-Hf oxide particle can correspond to Y,Hf;0,7 type of particles, as it is suggested by
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the measurement of atomic concentration shown in Fig. 4.9(c). Zhang et al. reported
that oxide particles size increases with increasing Hf content by the formation of
Y,Hf;0,7 type [23]. The size of Al,O; particle is also smaller in the fcc matrix than in
the B2 phase, as compared with Fig. 4.9 and Fig. 4.10. This could be partly ascribed
to the limited diffusion of aluminum atom in the fcc matrix. In addition, as shown in
Fig. 4.9(d), the AL,O; particle is covered with segregated yttrium and hafnium
elements, which is considered to effectively restrict the coarsening of Al,O3 particles
by the solute drag-like effect [26]. Besides, due to low diffusion coefficient and
solubility in the cobalt fcc matrix, the coalescence of Hf occurs more easily in the 5
AICrY than the 10Al since the high fcc volume fraction, which leads to the formation
of larger oxides rich in Hf observed in Fig. 4.8 (a). Based on the report [23] that
higher Hf content would cause the increase in the larger oxides rich in Hf since the
coalescence of Hf, the alloy with low Hf addition (1.2 wt%) has been fabricated, in

which less white coarse particles can be detected with SEM, shown in Fig. 4.11.

Fig. 4.11 SEM images obtained for 10 AICrY sample with 2.4wt% Hf (a) and 1.2wt%
Hf (b).

It is worth noting that another fcc phase with coarse grain was found to exist, in
which few oxide particles are dispersed. A formation of the coarse grains with few
oxide particles is likely to be associated with the melting. Fig. 4.12 shows the
pseudo-binary phase diagram computed with Pandat software, where the horizontal
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axis denotes the aluminum concentration along 80Co-20Cr cross-section. The phase
diagram indicates an incipient melting at 1200 °C, which is the highest temperature in

the process of fabrication, when aluminum content can reach about 30 wt.%.
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Fig. 4.12 Pseudo-binary phase diagram computed with Pandat software; horizontal
axis shows aluminum concentration along Co-20Cr (wt%) cross-section.

However, the EPMA elemental maps show homogeneous aluminum distribution
in the MA powder (Fig. 4.1). Even after final annealing, aluminum concentration is
less than 20 wt% in each phase, as shown in Fig. 4.7. These results deny the
supposition that the formation of the coarse fcc grains with few oxide particles is
ascribed to the incipient melting caused by inhomogeneous distribution of Al content
in the usual fabrication process. Fig. 4.13 shows SEM micrograph of the 5AICrY

sample after SPS process at 1100 °C sintered for just 5 minutes. The coarse smooth
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region marked by 3 is obviously seen around pores even after 5 minutes of sintering.
The residual pores still exist between original particles due to the insufficient time of

SPS sintering equal to 5 minutes.

Fig. 4.13 SEM micrographs and corresponding EPMA maps
obtained for SAICrY sample with SPS 5 minute.

Table 4.2 lists the results of EDS analyses, indicating that aluminum
concentration in the coarse fcc phase is 2.6 wt. %, and it is the same as in the fcc
matrix. Focusing on temperature change during SPS sintering, it is seen from the
computed pseudo-binary phase diagram shown in Fig. 4.12, that the eutectic reaction
can take place at around 1480 °C. Thus, one possibility responsible for the incipient
melting and the formation of the coarse fcc phase may be associated with a local
overheating induced by discharged spark at the interface between particles in the

initial stage of insufficient SPS sintering.
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Table 4.2 EDS analysis of the different phases in 5 AICrY after SPS for 5 minute

(Wt.%)
Co Cr Al Y Hf
A (Coarse FCC) 72.151 20.928 2.635 0.134 0
B (Matrix FCC) 69.047 20.594 2.471 0.937 1.508
C (B2) 65.712 17.283 6.105 1.072 1.218

During the SPS process, a local high temperature state of over 1000 °C
momentarily occurs in the microgaps between the powder particles, resulting in the
vaporization and the melting of the surfaces of the powder particles [52]. It’s difficult
to measure the actual temperature between particle microgaps, and this specific local
high temperature model during SPS process also can't be simulated by other sintering
process. In order to prove the conjecture that the coarsened phase was induced by
the incipient melting in SPS, I tried to consolidate the powders with Hot Press, which
is much more uniform heating. However, the coarse phase was still observed in the
10Al consolidated with Hot Press, as shown in Fig. 4.14, in which few Y-Hf oxides
distribution were proved through the EPMA elemental mapping (Fig. 4.15). Therefore,
the formation of this coarse fcc phase with less dispersoids seems not to be
determined by the consolidation process. Based on the reports [60], a bimodal
distribution of grains was found in the ODS-304 austenitic steel, in which the fine
Y-Ti-O were dispersed in the small grains but almost no dispersoids inside the large
grains. Similar bimodal distribution of grains was also observed in reduced activation
ferritic/martensitic steels [61] and 12-14% Cr ODS ferritic steels [62, 63]. Boulnat et
al. [64, 65] claimed that the bimodal grain size distribution in the
Fe-14Cr-1W-0.3Ti-Y203 steels prepared by MA and SPS arises from an initial,
heterogeneous spatial distribution of stored energy from MA, leading to
inhomogeneous recrystallization. Thus, the coarse phase in the Co-based ODS
superalloys could be supposed to associate with the MA process, and further

experiments should be conducted to prove this hypothesis.
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Fig 4.14 SEM images obtained from 10AICrY sample consolidated with Hot
Press.

Fig. 4.15 SEM / BSE micrographs and corresponding EPMA elemental maps
obtained from 10AICrY sample consolidated with Hot Press.
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4.4 Summary
Microstructures of the fabricated Co-20Cr-(5,10)Al Co-based ODS superalloys

were characterized, and following results are obtained:

(1) The 5 wt% Al and the 10 wt% Co-base superalloys contain basically two phases: a
Co-based solid solution with fcc structure, and a B2 phase enriched with
Aluminum. The composition and volume fraction of the fcc phase and the B2
phase in both superalloys are almost consistent with a Co-Cr-Al ternary phase
diagram computed with Pandat software. In addition, a coarse fcc phase with less
content of oxide particles was characterized. The formation of this phase shows no
relationship with the consolidation process of SPS or Hot Press, which was
considered to attribute to the inhomogeneous distribution from MA process.

(2) Fine oxides particles are densely distributed inside the fcc solid solution and in the
B2 phase. The size of Y-Hf oxide and Al,O; particles in the fcc solid solution is
much smaller than in the B2 phase. Grain boundaries and phase boundaries are
decorated with the oxide particles, which is beneficial to grain and phase stability
at elevated temperature. One unique core-shell structure was identified in the
oxide particles which consisted of Y,Hf;0;7 type in the core and Y,Hf,O7 type at

the periphery.
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Chapter 5 Oxidation behavior

5.1 Experimental details
High-temperature oxidation behavior of the Co-20Cr-(5, 10)Al-2.4Hf-1.5Y,0;

(wt.%) ODS superalloys was investigated by the isothermal oxidation test at 900 °C
and 1000 °C in air, which effectively reflected the influence of Al content in the
Co-based ODS system. Besides, in order to evaluate the effect of Cr and Y,0; on
oxidation behavior at 900 °C and 1000 °C, other two compositions of
Co-10A1-2.4Hf-1.5Y,05 (wt. %) and Co-20Cr-10A1-2.4Hf (wt. %) were prepared and
investigated. The nominal chemical compositions and corresponding abbreviations
are listed in Table 5.1.

The samples for oxidation test were cut into a cuboidal shape, and all the surfaces
of investigated samples were wet ground using SiC paper up to 2400-grit, and then
polished with 3 pym and 1 pm-diamond paste. After confirming that no residual
scratches can be observed in the surfaces by an optical microscopy, the samples were
ultrasonically cleaned in alcohol, and dried in hot air. Isothermal oxidation test at 900
°C and 1000 °C was carried out inside a muffle furnace in air. In order to determine
the oxidation kinetics, the oxidation weight gains in different exposure durations (1, 4,
16, 25, 49, 100, 225 h) were measured at room temperature via a Sartorius precision
electronic balance with a resolution of 1 pg.

The crystalline structures of oxide layers were detected using X-ray diffraction
(XRD, Philips X' Pert PRO), and the 3 ° incident angle has been adopted to emphasize
the semaphore of thin oxide scales. The surface morphologies of oxide scales were
investigated by scanning electron microscope (SEM, Carl Zeiss Cross Beam 1540
EsB), also the fractured surface observation was carried out by the SEM. The polished
cross sections of oxidized samples were analyzed by the electron probe
micro-analyzer (EPMA, JEOL JXA-8530F), in which the elemental mapping and
quantitative point analysis by WDS were carried out, besides, the distribution of trace
element (Y and Hf) inside oxide scales has been investigated with high magnification
EPMA elemental mapping. The distribution of nano-sized oxide particles in oxide

scales was analyzed using transmission electron microscopy (TEM, JEM-2010 and
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FEI Titan3 G2 60-300), in which the cross-sections in a thickness near 100 nm were
prepared by Focused Ion Beam Milling and FE-SEM Imaging (FIB-SEM, JEOL
JIB-4600F/HKD).

Table 5.1 Nominal compositions of the investigated alloys and utilized

abbreviations.
Alloys Elements, wt%
Co Cr Al Hf Y203

5AICrY Bal. 20 5 2.4 1.5
10AICrY Bal. 20 10 2.4 1.5
10A1Y Bal. 0 10 2.4 1.5

10AICr Bal. 20 10 2.4 0

5.2 Results

5.2.1 Effect of Al-content

Fig. 5.1 shows the weight gain per unit surface area as a function of exposure
time for all the observed SAICrY and 10AICrY Co-based superalloys at 900 °C and
1000 °C in 225 h. It can be confirmed that all the Co-based ODS superalloys are
qualified to form stable oxide scales without scale spallation during isothermal
oxidation at 900 °C and 1000 °C in air. In addition, in comparison with the SAICrY,
the 10AICrY alloys exhibit better oxidation resistance with smaller weight gains at
900 °C and 1000 °C. In respect of the 10AICrY, it should be noted that the oxidation
weight gain after 225 h of oxidation at 1000 °C is smaller than at 900 °C.

Fig. 5.2 shows the fitted parabolic curves drawn with mass gains as a function of
square root of time, which reveal that the oxidation kinetics of the SAICrY and the
10AICrY Co-based superallys follow a parabolic rate law during the oxidation process
at both 900 °C and 1000 °C. However, a significant difference of the parabolic rate
constants (k,) for two temperatures has been found, i.e., the oxidation at 900 °C
shows with an almost constant k;, value up to 225 h, whereas at 1000 °C the k, has

been obviously separated into two stages, which means that the oxidation at 1000 °C
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Weight Gain (mg/cm?)

for both the SAICrY and the 10AICrY Co-based ODS specimens experienced an
altered mechanism along with the exposed time. In accordance with the definition of

corresponding parabolic rate constants (k):

1/2 _ AW

kp”® = a7z (1)

where AW is measured weight change and t is corresponding exposure time, the k,

values at 900 °C and 1000 °C were calculated and presented in Table 5.2.
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Fig. 5.1 Weight gain curves for the SAICrY and the 10AICrY Co-based ODS
superalloys oxidized at 900 °C and 1000 °C in air for 225 h.
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Fig. 5.2 The fitted parabolic curves for the SAICrY and the 10AICrY Co-based
ODS superalloys oxidized at 900 °C and 1000 °C in air for 225 h.
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Table 5.2 Parabolic rate constants for the high-temperature oxidation of the
SAICrY and the 10AICrY Co-based ODS superalloys.

Parabolic rate constant, k, (gz-cm"'-s'l)

S )|
uperatioys 900 °C 1000 °C
6.0x10"? (=25 h)
5AICrY 6.9x107"
r 9.9x10"% (25225 h)
8.7x10"°  (~16h)
10AICrY 6.5x10™"

1.1x10"°  (16~225 h)

Fig. 5.3 shows the XRD patterns for the Co-based ODS superalloys oxidized at
900 °C and 1000 °C with the exposure time of 225 h, in which (a) and (b) represents
the results of SAICrY and 10AICrY, respectively. In addition to the characteristic
peaks coming from matrix, the obvious diffraction peaks of oxide products were
detected. In the case of SAICrY, the CoCr,05 and Cr,O53 are dominated no matter at
900 °C or at 1000 °C, and several a-Al,O; peaks could be found in the samples
oxidized at 1000 °C. On the other hand, for the 10AICrY samples, only the a-Al,O3
has been detected at both the 900 °C and 1000 °C, and some faint peaks of 0-Al,0O;
have been demonstrated in the samples oxidized at 900 °C.

In order to obtain more information about the crystalline structure of alumina, a
low incidence angle (3° incident angle) in XRD testing was conducted for the
10AICrY alloys. It was proved through a number of short-term oxidation shown in
Fig. 5.4 (a) and (b) that the change during the 6- to o-alumina transformation
significantly depends on temperature and exposure time. In contrast with the
co-existing of 0 and a-alumina throughout the oxidation at 900 °C in 225 h, the
a-alumina predominates with a transient period of the 0- and a-alumina co-existing in
the initial stage at 1000 °C.

Fig. 5.5 shows the surface morphologies of the 10AICrY samples oxidized at
900 °C and 1000 °C. In the initial stage of oxidation for 25 h at 900 °C, compared

with the case at 1000 °C, a noticeable blade-like morphology appeared, and it was
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clarified to be the intrinsic structure of metastable 6-alumina by many researches [66,
67]. With the extending of exposure time up to 225 h, a distinct 6-alumina was still
detected as needles at 900 °C, whereas a stable a-alumina with equiaxed grains was

observed at 1000 °C.
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Fig. 5.3 XRD results for the SAICrY (a) and the 10AICrY (b) Co-based ODS
superalloys oxidized at 900 °C and 1000 °C in 225 h.
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Fig. 5.4 XRD patterns in a number of short-term oxidation, (a) and (b) represents

the results of the 10AICrY alloys obtained at 900 °C and 1000 °C, respectively.
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Fig. 5.5 Surface morphologies obtained from the 10AICrY samples oxidized in 25
h and 225 h, (a) and (b) for 900 °C as well as (c¢) and (d) for 1000 °C.

The cross sections of samples oxidized at 900 °C and 1000 °C for 225 h were
examined with the backscattered electron pattern (BSE), as shown in Fig. 5.6, in
which (a)-(b) belong to the SAICrY samples as well as (¢)-(d) belong to the 10AICrY
samples. Fig. 5.6 (a) shows the oxide scales at 900 °C for the S5Al which is composed
of a gray layer at surface and internal precipitates in the subsurface region with a dark
contrast. With increasing temperature to 1000 °C, as shown in Fig. 5.6 (b), the outer
scale becomes porous with many visible voids, and the internal oxide precipitates
become a continuous layer. In contrast, 10AICrY contains only a single oxide scale
generated at outer layer with a dark contrast in the BSE images. It is to be emphasized
that the thickness of the single scale is significantly decreased through comparing Fig.
5.6 (¢) and (d), when the temperature increases from the 900 °C to the 1000 °C.
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Fig. 5.6 Cross sections of the samples oxidized at 900 °C and 1000 °C in 225 h,
(a) and (b) for the SAICrY samples as well as (c) and (d) for the 10AICrY samples.

In order to further identify the distribution of elements in the oxide scale, the
EPMA elemental mapping was carried out for the specimens oxidized at 900 °C and
1000 °C in 225 h, and the results of the SAICrY samples and the 10AICrY samples

are displayed in Fig. 5.7 (a, b) and Fig. 5.8 (a, b), respectively.
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Fig. 5.7 EPMA elemental mappings obtained from the SAICrY samples oxidized
in 225 h, (a) and (b) represents the results at 900 °C and at 1000 °C, respectively.
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Fig. 5.8 EPMA elemental mappings obtained from the 10AICr samples oxidized
in 225 h, (a) and (b) represents the result at 900 °C and 1000 °C, respectively.
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Based on the Fig. 5.7 (a) at 900 °C, the gray scale of the SAICrY is mainly
composed of chromium and oxygen elements, and above this scale, a thin layer
enriched cobalt, chromium and oxygen could be found. According to the XRD
diffraction pattern in Fig. 5.3 (a), those two scales were considered to be Cr,O3 and
CoCr,0y4, respectively. However, with increasing temperature to 1000 °C shown in
Fig. 5.7 (b), the Cr,O; scale becomes thinner and the CoCr,O4region changes to be
thicker. Besides, the internal oxides with dark contrast in SAICrY is consider to be
Al,O3 due to being enriched both aluminum and oxygen elements, and Al,Os-scale
has grown from the discontinuous alumina oxides at 900 °C to a continuous alumina
scale at 1000 °C, which is quite consistent with the appearance of the obvious alumina
diffraction peaks in the 5AICrY oxidized at 1000 °C. On the other hand for the
10AICrY, based on the enrichment of aluminum and oxygen elements at the outer
layer, as shown in the Fig. 5.8 (a, b), and the alumina diffraction peaks obtained from
the XRD results in Fig. 5.3 (b), the oxide scales of the 10AICrY alloys at 900 °C and
1000 °C are defined as alumina.

In addition, secondary particles dispersing inside the alumina scales of 10AICrY
specimen could be detected with a white contrast in the BSE images, as shown in Fig.
5.9 (a) and (b). These particles are considered to be Y-Hf oxides in accordance with
the reference [68]. The distribution of those Y-Hf oxides is separated at 900 °C and
1000 °C, i.e. the particles distribute densely along the inner layer of alumina scale at
900 °C but along the outer part of inner layer at 1000 °C. According to the
corresponding WDS point analysis, the concentration of Y and Hf is fit with the
heterogeneous arrangement of the oxide particles inside alumina scales. Furthermore,
the high magnification of EPMA observation focused on the alumina scales in the
10AICrY samples was carried out, as shown in Fig. 5.10, in which the element
distribution of yttrium and hafnium were detected to be consistent with the

distribution of the secondary particles.
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Fig. 5.9 The BSE images of cross-sections and corresponding EPMA WDS point analysis for
the scales of the 10 AICrY samples oxidized at 900 °C in 100 h (a), and 1000 °C in 225 h (b).
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shows the results at 900 °C in 100 h, (b) is obtained at 1000 °C in 225 h.
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Fig. 5.11 (a) and (b) shows the fractured surfaces of 10AICrY samples oxidized
at 900 °C and 1000 °C, respectively. An obvious stratification of Y-Hf oxides happens
in the alumina scale generated at 900 °C; in contrast with the dense particles close to

substrate, outer layer possesses few secondary particles.
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Fig. 5.11 BSE images obtained from the fractured surface of the 10AICrY
samples oxidized in 225h. (a) and (b) shows the result at 900 °C and 1000 °C,

Due to the exclusive blade-like structure located at the outer part of alumina scale,
the outer layer with sparse oxide particles was confirmed to be 0-alumina. Besides,
the inner area with dense particles was supposed to be mainly composed of a-alumina
since its strong diffraction peaks detected in the XRD pattern. However, even though
the alumina scale has been proved to be dominated with a-alumina at 1000 °C for 225
h and no blade-like structure could be found at the surface, a layered distribution of
Y-Hf oxides particles still exists, i.e. outer part of the inner layer contains large

64



number of particles whereas an extremely thin outer layer and the inner region show
free of particles. Moreover, the coarsened alumina grains could be observed at the
inner area, as shown in the Fig. 5.11 (b), where the obvious outline of grain
boundaries could be observed.

TEM observation has been conducted for the alumina scales of 10AICrY formed
at 900 °C and 1000 °C. Fig. 5.12 shows the results at 900 °C, in which dense
dispersoids could be confirmed to distribute in the inner part, whilst few particles
disperse in outer layer. Besides, a special tail structure of dispersoids was observed, as
shown in Fig. 5.13, a spherical head region drags a long tail toward air. In the case of
the sample oxidized at 1000 °C, particles are found in the outer layer but free in inner.
The alumina grain size in the Y-Hf oxide free zone is much larger than that in the
outer layer with Y-Hf oxides, as shown in the TEM black field image (BF) of Fig.
5.14. Fig. 5.15 shows the HAADF-STEM images and the corresponding EDS maps
for the oxide scale in the 10AICrY alloy, in which (a) and (b) are obtained from the
specimens oxidized in 225 h at 900 °C and 1000 °C, respectively. The Y-Hf oxides in
the alumina formed at 1000 °C is much bigger than that at 900 °C. Therefore, it's
evident that the Y-Hf dispersoids distribution in the alumina scale depends on the
oxidation temperature. Namely, the Y-Hf particles disperse in the inner layer with a
small size at 900 °C but prefer to the outer layer with a large size at 1000 °C. In
respect of 900 °C, the HAADF-STEM images and corresponding elemental mapping
(Fig. 5.15 (a)) proved that the dispersoids with long tails are Y-Hf oxides. In addition,

an enrichment of Y and Hf in the alumina grain boundary was able to be confirmed.
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Fig. 5.12 HAADF-STEM images of 10AICrY sample oxidized at 900 °C in 225 h.
A large number of dispersoids at inner alumina layer but free at outer layer is
exhibited.

Fig. 5.13 TEM images of 10AICrY sample oxidized at 900 °C in 225 h. A special
structure of dispersoids with spherical head region and long tail could be observed.
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Fig. 5.14 TEM images of 10AICrY sample oxidized at 1000 °C in 225 h. BF
image shows amounts of dispersoids at outer layer but free at inner layer; DF image
proved the grain size is smaller at outer layer but larger at inner.
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Fig. 5.15 HAADF-STEM images of nanoscale particles in the alumina scales of
the 10AICrY alloy and corresponding EDS elemental maps of Co, Cr, Al, Hf, Y and
O, in which (a) and (b) are obtained at 900 °C and 1000 °C with 225 h, respectively.
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5.2.2 Effect of Cr-addition
Fig. 5.16 shows the Co-Cr-Al phase diagram computed by the thermodynamic

software Pandat [69], where the composition of Co-10Al (wt.%) and Co-20Cr-10Al
(wt.%) has been marked with round and triangle symbol, respectively. The volume
ratio of CoAl in B2 to Co solid solution in fcc is almost equal for Co-20Cr-10Al

(Wt.%), but less for Co-10Al (wt.%).
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Fig. 5.16 The ternary Co-Cr-Al phase diagram calculated with Pandat software at
1100 °C.

Fig. 5.17 shows the SEM images of the fabricated 10AICrY and 10AIY alloys,
where the gray areas mean the fcc matrix and the dark regions represent B2 phase.
The 10AICrY alloys contains almost equivalent volume fraction in fcc phase and B2
phase, whereas the 10AlY possesses only 39% B2 phase. This result is consistent with

the computed phase diagram shown in Fig. 5.16.
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Fig. 5.17 SEM images obtained from the samples prior to oxidation, (a) and (b) represent
the 10AlY samples and the 10AICrY samples, respectively.

The observed weight changes for the 10AlY and 10AICrY as a function of time

during exposure at 900 °C in air are shown in Fig. 5.18.
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Fig. 5.18 Mass gain vs time curves of the 10AlY samples and the 10AICrY
samples at 900 °C in air.

Both Co-based ODS superalloys with and without Cr addition have presented a
low oxidized rate and a good spalling resistance up to 225 h. However, the oxidation
kinetics has been changed significantly with Cr addition, i.e. in comparison with the
10AlY exhibiting an extremely rapid oxidation at initial stage and a quite slow
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oxidation process at the subsequent duration, the 10AICrY shows a relatively smooth
oxidation behavior during exposure time. Firstly, the oxidation rate of 10AIY sample
in the initial stage up to 1 h was much faster than the 10AICrY sample, resulting in an
evident mass gain of up to 0.34 mg/cm” in 1 h, which is more than half of the total
mass gain in the entire experiment. Subsequently, the rate of mass gain in 10AlY alloy
decreased much more quickly with time than the 10AICrY alloy, such that the mass
gain after 130 h was progressively less for this alloy, which leads to the appearance of
an intersection between two thermogravimetric curves in Fig. 5.18.

Fig. 5.19 and Fig. 5.20 show the scales crystalline structures and surface
microstructures of two specimens oxidized at 900 °C. Based on the characteristic
peaks of CoO/CoAl,O4 and A,0O; in X-ray diffraction pattern, the attendance of
Co0O/CoAl,O4 in 10A1Y oxide scales and A,Os in the 10AICrY oxide scales were
determined, which is corresponding to the unique granule-like shape of CoO and

typical blade-like structure of alumina in Fig. 5.20 (a) and (b), respectively.
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Fig. 5.19 XRD results for the 10AlY samples and the 10AICrY samples after
225 h at 900 °C in air.
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Fig. 5.20 Surface morphologies of oxide scales oxidized in 25 h at 900 °C, (a) for
10AlY sample and (b) for 10AICrY.

The cross-sections of oxide scale formed on 10AlY and 10AICrY after different
exposure time (1h, 4h, 25h and 100h) at 900 °C were observed. Fig. 5.21 shows the
results of 1 h, in which the EPMA elemental mapping was conducted to investigate
the initial scales. A thin oxide scale was found in the 10AICrY sample, as shown in
the Fig. 5.21 (a), an Al-containing scale developed near the dark area (B2) and a
Cr-containing scale formed on the gray area (fcc). In contrast, Fig. 5.21 (b) shows an
obvious gray oxide film (CoO) on the surface of the 10AlY sample, which is much
thicker than the scale formed in the 10AICrY sample. Besides, Al,O; was confirmed

to form below the outer cobalt oxide.
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Fig. 5.21 EPMA elemental mappings obtained from the 10AICrY sample (a) and the 10AlY
sample (b) oxidized at 900 °C with1 h.
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Fig. 5.22 shows the cross-sections of 4h, 25h and 100h, based on a different
contrast in the oxide layers with the back scattered electron image (BSE), the
formation of a multilayered oxide scale on the 10AlY alloys and a single scale on

10AICrY samples could be confirmed along with the oxidation time.

Fig. 5.22 The scales morphologies of oxidized samples with different exposure time
(4 h, 25 h, 100 h) at 900 °C, (a) is 10AlY samples and (b) is 10AICrY samples.

In order to make certain of the element distribution in each oxide scale, the
EPMA elemental mappings of the cross-sections were conducted and the results are
presented in Fig. 5.23. Fig. 5.23 (a) proves that the oxide scales in the 10AlY alloys
are composed of three layers; i.e. in addition to an external scale containing Co and an
inner scale including Al, there is another intermediate layer of enriched Co and Al
Fig. 5.23 (b) shows that the homogeneous oxide layer in the 10AICrY contains
aluminum and oxygen elements, which could be easily defined as alumina according

to the results of XRD. The chromia was not able to be identified at 25 h.
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Fig. 5.23 EPMA elemental mappings obtained from 10AlY (a) sample and
10AICrY (b) sample oxidized at 900 °C for 25 h.

The EPMA WDS point analysis was carried out to more accurately determine the
complex scales in the 10AlY alloys with 225 h, as shown in Fig. 5.24. Results
suggested that the atomic percentages of all layers are approximate to external CoO,
inner Al,O3 and intermediate layer of CoAl,O4. Besides, the outer CoO is found to be
uneven with different thickness as well as the inner Al,Os is decorated with amounts

of white secondary particles, as shown in the Fig. 5.25 of the fractured cross-sections.
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Fig. 5.24 The EPMA WDS point analysis on the metal atomic percent of the 10AlY
samples oxidized at 900 °C for 225 h.
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Fig. 5.25 SEM images of the fractured surface obtained from the 10AlY alloys oxidized at
900 °C in 100 h.

At temperature increasing to 1000°C, a drastic weight loss happened in the
10AlY samples, whilst keeping a smooth oxidation process in the 10AICrY alloys, as
shown in the Fig. 5.26. The cross sections of two samples oxidized at 1000°C were
observed with SEM and the results are exhibited in Fig. 5.27. In comparison with a
stable scale in the sample of 10AICrY, the scales of 10AlY are found to be
heterogeneous and seem to be easily detached from the outer layer, which is well
consistent with the weight loss. The EPMA elemental mapping (Fig. 5.28) confirms
that the incomplete film at outer layer is CoO.
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Fig. 5.26 Mass gain vs time curves of the 10AlY samples and the 10AICrY samples
oxidized at 1000 °C in air.

Fig. 5.27 Scales morphologies of the 10ALY (a) samples and the 10AICrY (b) samples
oxidized at 1000 °C for 100 h.
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Fig. 5.28 EPMA elemental mappings obtained from the 10AlY samples
oxidized at 1000 °C for 100 h.

5.2.3 Effect of Y,03-addition
Fig. 5.29 shows the oxidation kinetics of 10AICr alloys at 900°C, in which the

result of 10AICrY is also inserted to highlight the effect of Y,O; addition.
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Fig. 5.29 Mass gain vs time curves of the 10AICr samples and the 10AICrY
samples oxidized at 900 °C in air.
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In contrast to 10AICrY ODS superalloys, the 10AICr without yttria addition
seems to maintain a better oxidation resistance, characterized by a smaller weight gain
and a slower oxidation rate. Based on the XRD and EPMA characterization, as shown

in Fig. 5.30 and Fig. 5.31, the scale formed in the 10AICr alloys was determined as

alumina, too.
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Fig. 5.30 XRD result for the 10AICr samples oxidized at 900 °C for
225 h in air.

Fig. 5.31 EPMA elemental mappings obtained from the 10AICr samples oxidized at 900
°C with 4 h and 25 h.
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However, amounts of voids along the matrix/scale interface in the 10AICr have
been found from the SEM images of Fig. 5.32 (a), which evidences an inferior
adherence of oxide scale in 10AICr than that in 10AICrY, and the detachment
becomes serious along with the temperature increasing to 1000°C, as shown in Fig.

5.32 (b).
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Fig. 5.32 SEM images of the 10AICr alloys oxidized in 100 h at different temperature,
(a) is fractured surface obtained at 900 °C and (b) is cross-section obtained at 1000°C.

In order to distinguish the difference between the two alumina scales generated in
10AICr and 10AICrY at 900°C, the TEM observation was performed on
cross-sections, as shown in Fig. 5.33. It’s obvious that the Al,O; scale in 10AICrY has
been decorated with a mass of particles through comparing the TEM bright-field
images of Fig. 5.33 (a) and (b). Besides, the alumina grains in the 10AICrY samples
are quite smaller than that in the 10AICr, as shown in the TEM dark-field images of
Fig. 5.33 (¢) and (d).
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Fig. 5.33 (a) and (b) represent the alumina scales obtained from the 10AICr samples
and the 10AICrY samples at 900 °C for 225 h with the TEM bright-field pattern, (c)
and (d) show the morphologies of the alumina grains in 10AICr and 10AICrY with the
TEM dark-field pattern.

Based on the EPMA elemental mappings of Y and Hf in the alumina-scale (Fig.
5.34), and the unique Hf-included oxides with white contrast, those secondary
particles were determined as Y-Hf oxides in accordance with the oxides

characterization in reference [68].
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Fig. 5.34 EPMA elemental mappings of Y and Hf in alumina scales of the
10AICrY samples oxidized at 900 °C for 100 h.

5.3. Discussion

5.3.1 Effect of Al-content
The present results confirm that both the SAICrY and the 10AICrY Co-based

ODS superalloys possess a superior oxidation resistance with favored scale adhesion
and a slow oxidation rate at 900 °C and 1000 °C. In addition, due to the increasing of
Al content from 5 wt.% to 10 wt.%, 10AICrY samples shows a higher oxidation
resistance with the formation of the exclusive alumina scale. The oxide scales formed
on those two Co-based ODS superalloys seem to fit with the conventional Co-Cr-Al
oxide map [20] even the oxide particles had been implanted during alloy

manufacturing, as shown in Fig. 5.35.
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Fig. 5.35 The oxide map of the Co-Cr-Al system at 1000 °C
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The 10Al (20 at.%) sample exhibits single alumina former as well as 5Al (10
at.%) shows duplex scale with an outer chromia and inner alumina. The only
difference is the existence of CoCr,O4 scale in SAICrY samples, which is thin at
900 °C but thicker at 1000 °C. In the case of Cr-containing Co-based alloys, the
cobalt is oxidized to CoO and could in turn react with Cr,O; to form the protective
CoCr,04 compound oxide with a spinel structure [21, 48, 49, 70]. The formation of
this CoCr,04 oxide in the Co-based ODS alloys was supposed to owe to the small
substrate grain size, which could significantly improve the diffusivity of the Co along
substrate grain boundaries [71].

Fig. 5.36 shows the comparison of k, values between the 5AICrY and the

10AICrY samples with the reported chromia- and alumina-forming alloys [72, 73].
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Fig. 5.36 Comparison of the parabolic rate constants between the SAl and 10Al

samples with reported Cr,O3 and Al,Os formers.

In respect of 5AICrY samples, the k, value is constant and lower than
conventional chromia-forming alloys at 900 °C. Whilst it is separated into two stages
at 1000 °C; the k, value is close to the minimum value of the reported
chromia-forming alloys at the initial stage (-25 h) and reaches the region of

alumina-forming alloys at later duration (25-225 h). As shown in the XRD pattern
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(Fig. 5.3) and EPMA elemental mapping (Fig. 5.7), in addition to the Cr,Os5 scale, the
existence of outer CoCr,04 layer and inner Al,O; oxides have been proved, which is
associated with the lower oxidation rate of S5AICrY than the conventional
chromia-forming alloys. With the temperature increasing to 1000 °C, the formation of
the inner Al,Os scale has been enhanced, which is responsible to the altered k, value
at 1000 °C. Once the continuous Al,O5 scale formed, the oxidation behavior could be
dominated by this inner Al,Os layer since a more compact structure. In the case of
10AICrY specimen, Fig. 5.13 exhibits that the 10AICrY possesses a faster oxidation
rate than conventional alumina former at 900 °C in 225 h. This reason could be
associated with the formation and a faster growth of 0- alumina. After increasing the
temperature to 1000 °C, as described in previous sections, 10AICrY samples also
exhibited an altered kj. The changing of the k, value after 16 h in the 10AICrY is
attributed to a rapid transformation from 6- to a-alumina at 1000°C, the details will be
expounded later.

In addition, Table 5.3 lists the comparison of high-temperature oxidation
behaviors between different kinds of alloys, in which the non-ODS Co-based alloys
and typical Ni-based and Fe-based ODS superalloys have been introduced [20, 22, 74,
75]. It's obvious that the oxidation resistance of the SAICrY and the 10AICrY is better
than the listed conventional Co-based alloys, and even comparable to the Ni-based
and Fe-based ODS superalloys with the approximate magnitude of k,. A different
transport mechanism of scale growth has been claimed in the non-ODS and ODS Fe
and Ni-based alloys [18, 19, 51, 76], i.e., the a-Al,O3 scale growth on conventional
alloys is conducted with cation as well as oxygen transport along grain boundaries,
but for the ODS alloys with yttria participation, the diffusion of cation is blocked and
leading to a reduced cation outward transport, in which the growth is dominated by
inward oxygen grain boundary transport. The restrained cation diffusion imparted by
oxide particles addition seems to also play a role in the case of the Co-based ODS
superalloys, since amounts of fine oxide particles inside alumina scales were observed.
The particles with white contrast were confirmed to be Y-Hf-O dispersoids, which are
formed during the manufacturing process and possess extremely high thermodynamic
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stability [23, 68]. The particles were existed in the substrate before oxidation, and
incorporated in the alumina scale due to the metal surface recession with the growth
of alumina. Hence, the particles in alumina scales are a kind of the marker to indicate
the original metal surface.

Table 5.3 Comparison of oxidation behaviors between alloys.

Alloy (wt. %) Temp. Oxidation behavior k, Reference
(°C) (¢ cm™s™)
5AICrY 900 | Duplex scale of outer CoCr,O, 6.9x10" -
(ODS Co-20Cr-5Al1) and innerCr,0s3, internal

formation of Al,Os particles

1000 | Duplex scale of CoCr,0, and 6.0x10™" -

Cr,03, but voids in outer 9.9x10"

CoCr,04 layer, Al,O; scale
generated internally

10AICrY 900 Alumina scale with the 6.5x107" --
(ODS co-existing of 6- and a-alumina
Co-20Cr-10Al) 1000 | Alumina scale dominated with 8.7x107" --
a-alumina 1.1x10™"
Co-10Al 1000 Al,Os formed initially, but 5.0x10” 20, 21
breaks down with the formation
of CoAl,O4
Co-20Cr-10Al 1000 Alumina scale with low <5x107"? 20
adherence
MA 754 900 Chromia scale 4.0x10™" 19,73
(ODS Ni-20Cr) 1000 1.0x10™"
PM 2000 880 Alumina scale 2.77x10°™" 19, 75
(ODS 1050 1.23x107"2

Fe-20Cr-5.5A1)

In the case of 10AICrY samples oxidized at 900 °C, the particles were observed
in the middle part of alumina scale, which means the alumina containing the particles
grew inward and the upper parts with free particles grew outward. According to the
particles distribution, the alumina scale in 900 °C could be separated and defined to
be the outer and inner part, as marked in the Fig. 5.9 and Fig. 5.11, referring the layer
determined by outward and inward growth, respectively. With increasing the
temperature to 1000 °C, the outer layer was still formed, but it is much thinner than

that formed at 900 °C, as show in the Fig. 5.9 and Fig. 5.11. The particles were found
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to substantially decorate in the area beneath this extremely thin outer layer, suggesting
the growth of the alumina scale was mainly toward the substrate, i.e., the Y-Hf oxide
particles exist in outer part of the inner layer at 1000 °C.

I consider furthermore that the 10AICrY superalloys have to experience a
relatively complex oxidation process due to the existing of metastable 8-alumina at
900 °C-1100 °C [77]. The growth process of 0-alumina has been certified to be
dominated by the outward aluminum diffusion [66], fitting the most outer layer in the
10AICrY samples at 900 °C, in which besides the unique blade-like structure, almost
no particles could be detected. However, according to the changing k, value at
1000 °C, which is first high and then decreased, the 6-alumina should also exist in the
early part of oxidation since several faint 6-alumina peaks were detected in XRD
patterns, but it rapidly transformed to a-alumina during the initial stage at 1000 °C,
resulting in the formation of the extremely thin outer layer. After formation of
a-alumina, scale growth is controlled by the inward oxygen diffusion, the Y-Hf oxide
particles could be detected in the outer part of the inner layer at 1000 °C. Besides, the
alumina grains would enlarge in direction of the scale/substrate interface due to the
decreased nucleation rate [51, 78], which is consistent with the coarsening alumina
grains near the substrate for the 10AICrY samples at 1000 °C, as shown in the Fig.
5.11 (b).

The different oxidation processes of the 10AICrY samples oxidized at 900 °C and
1000 °C are shown schematically in Fig. 5.37. In the very beginning of oxidation t,,
the 0-alumina preferentially grows outward from the original surface of substrate
since a high growth rate. Subsequently, the a-alumina generates at the 0-Al,Os/alloy
interface, as shown in the stage of time t,, in which amounts of particles are
distributed. Within the t; period, the oxidation of the 10AICrY samples at 900 °C is
composed of outward growth of 6- alumina and inward growth of a-alumina, leading
to the newly formed 0- alumina without Y-Hf oxide particles in the outer layer at
900 °C. However, at 1000 °C the scale is dominated by the inward growth of
a-alumina. Therefore, the outer oxide layer was very thin. Due to the low solubility of
hafnium [23] and the sparse grain boundaries with coarse grain size in the inner layer
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of a-alumina scale, few Y-Hf oxide particles could be observed at this inner layer.
Besides, an accelerated transgranular/intergranular outward diffusion of yttrium and
hafnium ions at high temperature had been considered to play a certain role on the
coarsening and enrichment of Y-Hf oxide particles on the outer layer [78, 79], which
is consistent with the special tail structure and the enrichment of Y and Hf on grain

boundary, respectively.

t
0-Alumina Alr
Free of
ODS Alloy Particles
t)
0- / a-Alumina Air
Y-Hf-O
ODS Alloy | Particles
Slow transformation to a-Al,Os Rapid transformation to a-Al,O3

ODS Alloy ODS Alloy

900°C 1000°C

Fig. 5.37 Schematic illustrating the oxidation processes on the time dependence
(t; < < t3) of the 10AICrY samples oxidized at 900 °C and 1000 °C.
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5.3.2 Effect of Cr-addition
In comparison with a smooth mass gain of the 10AICrY sample, the 10AlY

sample without Cr addition shows a fluctuant oxidation process, i.e. an extremely
rapid oxidation rate at the beginning of the oxidation in the first 1 h and a significantly
reduced oxidation rate at the late period. When the growth of oxide scale is controlled
by diffusion through the oxide scale, mass gain follows a parabolic law [80, 81]:

AW = [kpVt+C (5.1)
where AW is the weight gain of the sample taken for unit surface area, k, is the
parabolic rate constant, t is the time of exposure and C is a constant which showed the
deviations from the parabolic law during the initial stages of oxidation. Fig. 5.38

shows the mass gains as a function of square root of time, in which the solid line

denotes the fitted results.
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Fig. 5.38 The fitted parabolic curves for the 10AlY sample and the 10AICrY
sample oxidized at 900 °C for 225 h in air.

According to the kinetic measurements, the oxidation of the 10AICrY sample
follows in the parabolic law, where the values of k, and C are corresponding to
6.5x107 mg*>-~cm™s' and 0.01 mg/ecm’, respectively. However, one straight line
cannot be drawn throughout the whole oxidation of 225 h in 10AlY since a multiply
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oxide scale in the 10A1Y sample. If we deal these data particularly, the 10AlY seems
to be composed of two different oxidation stage, i.e., a rapid mass gain in the initial
stage (0-1 h), and another reduced oxidation kinetic which possesses a increasingly
slow oxidation rate in the subsequent oxidation (1-225 h), as shown in the Fig. 5.38.

At the initial stage of oxidation, the 10AlY sample forms Co oxides and results in
a continuous Co-oxide scale in an external layer, as shown in the Fig. 5.21 (b), an
obvious gray oxide film (CoO) was found on the surface of the 10AIY sample at 1 h
oxidation, which is much thicker than the scale formed in the 10AICrY sample.
Therefore, the rapid mass gain of 10AlY sample during the initial oxidation stage (0-1
h) should be attributed with the formation of the outer Co-oxides which have much
higher growth rate [85]. In the subsequent oxidation stage, an evident growth of an
inner scale with black contrast is observed, which was determined to be alumina by
EPMA elemental mappings in Fig. 5.23 (a). Since a more compact structure of
alumina than the Co oxide, the oxidation process would be slowed down by the inner
alumina layer and results in a decrease of the oxidation rate in the 10AlY sample.
Additionally, the growth of the inner alumina could be restricted with a limited
oxygen supply due to the cover of outer CoO and CoAl,O4 spinel oxides layer.
Besides, with the elongation of exposure time, a noticeable increase in the thickness
of the intermediate CoAl,O4 layer could be observed, as shown in Fig. 5.22. The
spinel structure of CoAl,O4 layer was confirmed with a significant blocking effect on
the diffusion of cation and anion [70], which is responsible for the oxidation kinetics
at a slower and slower rate along during oxidation. The overall oxidation is
considered to be still controlled by oxygen and/or Al diffusion in the inner Al,O; scale.
However, such an uncontinuous change in the thickness of each layer may result in
deviation of oxidation kinetics from the parabolic behavior.

With the addition of Cr, the formation of Co-oxides is suppressed and a thin oxide
scale enriched Al and Cr is produced in the surface of the 10AICrY sample at 1 h, as
shown in the Fig. 5.21 (a). EPMA mapping indicates that an initial chromia (Cr,03)
scale formed on 10AICrY particularly on the regions of fcc matrix, which contains
higher Cr content. Subsequently, chromia could be dissolved into the alumina because
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both phases undergo a complete solid solubility at 900 °C. It is well known that the
presence of Cr in Fe- and Ni-based alloys could reduce the Al level needed to form a
protective Al,O3 layer [83, 84], defined as the third-element effect (TEE) [85]. It
describes that the addition of a third-element B to binary A—C alloys can decrease the
critical C concentration needed to establish an external scale of the C oxide, in which
A is the most inert element and C is the most reactive one in the ternary system [83].
The TEE seems to work in the Co-based ODS superalloys, since the Cr possesses an
oxygen affinity falling in between those of Co and Al, and also the addition of Cr
reduces the concentration of Al required to establish an external alumina scale, as
shown in the Fig. 5.22 where an exclusive alumina scale could be formed through
adding Cr to the 10AlY samples. The mechanism of TEE is not yet completely clear,
but based on the suggestion claimed by Wagner [85, 86], it was supposed that an
initially formed external Cr,O3 scale promotes Al,O3; formation. In this study I could
not observe Cr,O3 formation at the very early stage of oxidation. However, Cr,O3
formation is expected since Cr-containing scale was observed after 1 h oxidation and
Co-rich oxide scale formation was completely suppressed by Cr addition.

In addition, based on the phase diagram (Fig. 5.16), due to the addition of 20Cr
(wt. %), the volume fraction of CoAl (B2) is significantly increased from 39% in the
10AlY to 50% in the 10AICrY, which is consistent with the increase of the dark areas
(B2) from Fig. 5.17 (a) to (b). One point should be noted that the aluminum
concentration in the B2 phase is almost triple than that in the fcc phase. At the initial
stage of oxidation, the alumina scale is easier to generate at the surface of B2 phase
than at fcc phase. Due to higher volume fraction of CoAl in 10AICrY alloy, Al content
in fcc matrix must be decreased. Although this decrease in Al content in fcc matrix is
not favored for Al,O; scale formation, fcc matrix contained higher Cr, which
promotes external Al,Os scale formation by TEE as mentioned above. In fact, as
shown in the Fig. 5.21, a compound oxide scale was found at the 10AICrY samples
oxidized at 900°C for 1 h, i.e. a Cr-containing scale formed on the gray area (fcc) and
an Al-containing scale generated near the dark area (B2). This indicates that a chromia
(Cry03) scale was also initially formed in 10AICrY and could be a reason why the
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initial weight gain is suppressed for 10AICrY, as shown in Fig. 5.18. Subsequently,
chromia could be dissolved into the alumina because both phases undergo a complete
solid solubility at 900 °C. The 10A1Y which does not contain Cr preferred to form Co
oxides due to a high percentage of cobalt solid solution regions, resulting in a
continuous Co-oxide scale at external layer. Even though initially small amounts of
alumina could generate at the sites of B2 phases in 10AlY, it is insufficient to evolve
to be a complete outer scale since the limited aluminum flux. However, the formation
of CoO near the B2 phase should be suppressed significantly, which leads to the
uneven morphology of the outer CoO scale with different thickness, as shown in the
Fig. 5.25. Consequently, the rapid weight gain of 10AlY samples during initial
oxidation stage is considered to be induced by the faster growth rate of outer
Co-oxides.

However, beneath this CoO layer, another thicker scale with black contrast had
formed at inner layer after 25 h, which was confirmed to be alumina with EPMA
elemental mappings in Fig. 5.22 (a). Due to a more compact structure, this continues
alumina scale in inner plays a dominated effect for the oxidation resistance of the
10A1Y during the later stage of the oxidation at 900°C. Furthermore, this inner
alumina possesses a slower growth rate with the cover of outer CoO and CoAl,O4
spinel oxides layer, which significantly reduced the oxygen inward diffusion and
retarded the growth of the inner alumina layer. Hence, even though both oxidation
processes of the 10AlY and 10AICrY are dominated by alumina growth during the
later stage of oxidation, a slower oxidation constant in 10AlY than in 10AICrY could
be observed, as shown in Fig. 5.18. The equilibrium phases in Co-Al-O system were
calculated in the diagram of log Po, (atm) vs. Al-mol fraction at 900 °C and 1000 °C
by using thermodynamic software CaTCalc [87, 88], which is shown in the Fig. 5.39.
At the composition of Co-20 at% Al, the formations of CoO, CoAl,O4 and AL,O; are
predicted with decreasing oxygen pressure. The distribution of scales is completely
consistent with the results of EPMA point analyses in 10AlY (Co-10wt.% Al almost
equals to Co-20 at.% Al), as shown in Fig. 5.24. The P, at the outer surface of the
alumina-scale is reduced to 107 atm at 900 °C (Fig. 5.39 (a)), which is significantly
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log Po: (atm)

lower than that in the case of 10AICrY, where alumina-scale directly contact with air

(0.21 atm).
Co-xAl-O; T=900°C P=1bar CoxAl-Oy T=1000°C P =1
8 -8
-9 9
(a) (b)
A0 A0 C4O(s)+Co0"AI203(s)
" C60(s)+Co0*AI203(s) “ AI203(s)+Co0"AI203(s)
AI203(s)+Ca0*AI203(s —
12 E 12
i
A3 c B CoQAIZO3SHFCC_AT
S—
-14 %] 14
. O
s CoOAIZO3(s)+FCC_AT a
-16 O 16
A203(spFCC_AT
A7 2 a7 (spFCC._.
A8 AI203(sHFCC_A1 18
19 19
20 : - - - 20
0 2 4 6 8 1 0 2 4 6 8
Co Al mol_fraciion Al Co Al mol_fraction

Fig. 5.39 The phase diagram of Co-Al-O system calculated with CaTCalc
software at 900 °C (a) and 1000 °C (b).

However, at the interface of CoO/CoAl,O4, a visible cracking could be found
with the exposure time of 100 h at 900°C, as shown in the Fig. 5.22 (a). Due to a high
growth rate of CoO and the large thermal stress caused by the mismatch of the
coefficients of thermal expansion between the CoO and matrix, the detachment of
CoO layer is usually observed in the Co-based alloys [48]. The detachment would be
accelerated at higher temperature, as shown in the Fig. 5.27 and 5.28, and the
spallation of CoO layer is associated with the significant weight loss in the 10AlY

during exposure at 1000°C.

5.3.3 Effect of Y,0O3-addition
In comparison with the appearance of various oxide scales with Cr addition, both

the samples with and without Y,0O3 addition maintain a single alumina scale. However,
the formation mechanism of the alumina in 10AICrY and 10AICr should be separated

because of the difference at oxidation kinetics and microstructure, i.e. the 10AICrY
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exhibits a larger weight gain and results in a thicker alumina scale than the 10AICr
alloys. The alumina scale in 10AICrY is decorated with abundant secondary particles,
and its grain size is smaller than that in the 10AICr, as shown in the Fig.5.33.

Based on the reports that the dispersed particles could effectively decrease the
alumina grain size in Fe-ODS and Ni-ODS superalloys [16, 18, 89], the fine grain size
of alumina in 10AICrY alloys is attributed to the distribution of Y-Hf complex oxide
particles in the Al,O; scale. Even though the single alumina scale is composed of 0-
and a-alumina, the Al,O; layer where with Y-Hf oxides distribution is supposed to be
a-alumina since it grows towards inward [18, 51]. Therefore, the nucleation rate of
a-alumina could be accelerated because the oxide particles are suitable sites for the
nucleation of alumina formation [90]. In addition, due to the pinning effect of such
dense oxide particles [55, 91], the grain enlargement of a-alumina scale could be
effectively suppressed; many particles are locating within the alumina grains and
dispersing along the grain boundaries, as shown in the TEM images (Fig. 5.33).
Consequently, a high grain boundary density exists in the alumina-scale of 10AICrY
and it accelerates the transport of Al outward and oxygen inward, which was
considered to be a reason to enhance the oxidation rate in the 10AICrY.

In comparison with the shape of alumina grain in the 10AICrY which is more
close to equiaxed morphology, a noticeable columnar grain was observed in the
sample of 10AICr, as proved with the dark field pattern in the Fig. 5.33. Fig. 5.40
shows the fitted parabolic curve of the 10AICr sample. The oxidation kinetics of the
10AICr seems to not conform to a parabolic law as well, and also an obvious
reduction of the oxidation rate with the increasing of exposure time could be found.
Based on the reports regarding to the alumina-forming scale on FeCrAl alloys [92, 93],
the columnar grains with a lateral size of which increased linearly with depth beneath
the scale surface is responsible for the reduction of the k, value since a decreased
density of grain boundary along with the exposure time. Even an overall distribution
of the alumina grains has not been exhibited in the TEM images, the coarsening of the
columnar grains with the direction toward to substrate was also supposed to occur in
the 10AICr since a decreased nucleation rate close to the interface of scale/substrate
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with a restricted oxygen inward diffusion.
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Fig. 5.40 The fitted parabolic curves for the 10AlY sample and the 10AICrY
sample oxidized at 900 °C for 225 h in air.

However, as shown the fractured surfaces in Fig. 5.32, in comparison with a
superior adherence of alumina scale in the 10AICrY, some voids were detected along
the alloy/scale interface of the 10AICr after the exposure at 900 °C, and the cracking
even happened when the temperature up to 1000°C. In the case of conventional alloys,
the voids could often be observed at the alloy/scale interface due to the Kirkendall
effect [94, 95], but according to the suggestion by K. Arun et al. [96], the interfaces
between Y-Hf oxide particles in the 10AICrY were considered to act as vacancy sinks
at sites away from the alloy/oxide interface, hence significantly suppressing the void
formation and improving the oxide-scale adherence. Besides, the segregation of Y-Hf
oxide particles along grain boundary could play a role on the reduction of voids by
decreasing the cation outward diffusion with blocking effect [18, 51]. In addition, this
small grain size of alumina in the 10AICrY is sometimes beneficial to release the
large thermal stress induced by the mismatch of thermal expansion coefficients, and
refrains from the detachment at the interface between the scale and the matrix during
cooling process [17].
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5.4 Summary

The influence of Al content on the high-temperature oxidation behavior of the
Co-based superalloys has been characterized through researching the isothermal
oxidation of the novel Co-20Cr-(5, 10)Al (wt.%) ODS superalloys at 900 °C and 1000
°C in air. In addition, the effect of Cr and Y,0Os; on the oxidation behavior of
Co-20Cr-10Al (wt.%) ODS superalloys also has been investigated. The results of this
study are summarized as follows:

(1) Effect of Al content. Even though the alloy is ODS with small substrate grain size
which can enhance outward Al diffusion, SAl (wt. %) is not sufficient to form
ALO;. The 10AICrY specimen possesses a better oxidation resistance with the
formation of a single alumina scale than the SAICrY specimen with a duplex
scale of outer CoCr,04/Cr,O; and inner Al,O;. A faster 0- to a-alumina
transformation at higher temperature is responsible for the smaller weight gain at
1000 °C than at 900 °C for the 10AICrY specimens oxidized in 225 h, i.e., 8- and
a-alumina coexist at 900 °C whilst a-alumina dominates at 1000 °C. Since the
confirmation that the 0-alumina grows with cation outward diffusion and the
a-alumina forms with oxygen inward diffusion, the alumina scale growth of
10AICrY is determined by bilateral diffusion of cation outward and oxygen
inward at 900 °C and by oxygen grain boundary transport at 1000 °C.

(2) Effect of Cr-addition. The addition of Cr into Co-based ODS superalloys has
proven to effectively improve high-temperature oxidation resistance by
accelerating the formation of an exclusive alumina scale instead of the
multilayered scale with an external CoO/CoAl,O4 and an inner Al,Os.

(3) Effect of Y,0s-addition. With the doping of yttria, the alumina scale has been
perfected obviously with the dispersed Y-Hf oxide particles, even though a slight
weight gain would be accelerated due to the decreased alumina grains size. The
presence of oxide particles inside alumina-scale could significantly maintain a

superior spalling resistance.
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Chapter 6 Tensile properties

6.1 Experimental details
Tensile properties of the novel Co-20Cr-(5, 10)Al-2.4Hf-1.5Y,0; (wt. %) oxide

dispersion strengthened (ODS) superalloy were illustrated through a comparing
investigation with Co-20Cr-5A1 (wt. %) (5AICr) alloy. Both the Co-based alloys (with
and without ODS participation) were fabricated by mechanical alloying (MA), spark
plasma sintering (SPS), hot rolling and the final annealing at 1200 °C.

The crystalline structure of each consolidated bulk were detected using X-ray
diffraction (XRD, Philips X' Pert PRO). The metallographic analysis was carried out
using backscattered electron microscopy (BSE) equipped in electron probe
micro-analyzer (EPMA, JEOL JXA-8530F). The grain size and phase constituent
were observed by Electron Back-Scattered Diffraction (EBSD) jointed in a scanning
electron microscope (SEM, Carl Zeiss Cross Beam 1540 EsB), the elements
distribution in each phase was analyzed with elemental mapping in electron probe
micro-analyzer (EPMA, JEOL JXA-8530F). The distribution of nano-sized oxide
particles in each phase was analyzed using transmission electron microscopy (TEM,
JEM-2010 and FEI Titan3 G2 60-300), in which the TEM specimens were prepared
by Focused Ion Beam Milling and FE-SEM Imaging (FIB-SEM, JEOL
JIB-4600F/HKD). The tensile test was carried out at 23 °C, 250 °C, 500 °C, 700 °C
and 1000 °C with a strain rate of 1 x 10~ s~ under argon gas atmosphere to prevent a
surface oxidization. The size of the samples for tensile tests is 5 mm in gauge length,

1.2 mm in width and 0.5 mm in thickness.

6.2 Results

6.2.1 Microstructural characterization

Based on a Co-Cr-Al ternary phase diagram (Fig. 6.1) computed with the
thermodynamic software Pandat [69], the Co-20Cr-(5, 10) (wt.%) Al alloys are
mainly composed of two different phases at 1100 °C; the Co solid solution of fcc
structure, and the CoAl phase of B2 structure. In contrast with an almost equal
volume fraction of B2 and fcc phase in the samples with 10Al (wt.%) addition, the fcc
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phase is dominant in the 5Al (wt.%) samples.
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Fig. 6.1 The ternary Co-Cr-Al phase diagram calculated with Pandat
software at 1100 °C.

Fig. 6.2 shows the X-ray diffraction pattern of the Co-based alloys after final
annealing at 1200 °C for 1 h. In contrast with a noticeable hcp structure in cobalt at
room temperature, fcc phase predominates in the alloys with SAI (wt.%) addition and
only very faint hcp diffraction peak can be observed, also no obvious hcp peaks could
be detected in 10Al (wt.%), which means that the phase transformation of fcc-hcp has
been suppressed during cooling process. In addition, the volume fractions of fcc and
B2 phase in all the samples are quite fit with the phase diagram (Fig. 6.1) even though
at room temperature, i.e., the Co-fcc predominates the SAl alloys (SAICrY and 5AICr)

as well as the Co-fcc and CoAl-B2 jointly govern the 10AICrY sample.

97



e Co(fcc) v CoAl(B2) mCo(hcp)

(110)

Intensity

40 50 60 70 80 90
2Theta

Fig. 6.2 XRD results for the 10AICrY (a), SAICrY (b) and SAICr (c) after
annealing 1 h at 1200 °C.

Fig. 6.3 shows the BSE images of the metallographic analysis. Due to high
aluminum content in the B2 phase, i.e., nearly triple than that in the fcc phase, it’s
evident to distinguish the B2 and fcc phase through the image contrast at the BSE
mode. Both the two samples basically consist of two regions; i.e. the dark region with
0.2-0.4 um scale and the light grey matrix. My previous work [68] has proved that the
dark region is CoAl phase with B2 structure and the grey matrix is cobalt solid
solution with fcc structure, as shown with the inserted diffraction patterns. With the
increasing of Al, a larger area of dark regions could be found in the sample of
10AICrY. The distribution of those dark and grey areas in the SAl and 10Al samples is

consistent with the volume fraction of the B2 and fcc in the XRD results.

98



. -
. o

. ZA [001
R

B2 Phase

el N
_ Fcc Phasé

%\ X
A e
L9 g
|,'.‘ i %
% %
5 3

Fig. 6.3 SEM images of backscattered electron obtained from the SAICrY, SAICr
and 10AICrY samples.

Besides, all the three specimens were analyzed using EBSD, the image quality
(IQ) maps and corresponding Orientation imaging microscopy (OIM)-inverse pole
figures (IPF) are presented in Fig. 6.4, in which the OIM-IPF maps of B2 and fcc
phase also have been listed respectively. Based on the 1Q maps of Fig. 6.4, the
average grain size of the 500 nm in the 5AICrY and the 800 nm in the 10AICrY could
be confirmed. Besides, the SAICr alloy without ODS participation shows a coarse

grain size with 1.2 pm.
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Fig. 6.4 1Q maps and corresponding OIM-IPF maps obtained from the 5SAICrY,
S5AICr and 10AICrY samples, the fcc and B2 phase are separated with OIM-IPF
maps.
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6.2.2 Oxide particle characterization
Fig. 6.5 (a) and (b) show the HAADF-STEM images and the corresponding EDS

maps of all the chemical composition in the SAICrY alloy. Due to a high Al
concentration in the B2 phase than that in the fcc phase, the dark area in the HAADF
image of the Fig. 6.5 (a) is easily determined to be the B2 phase, in which Al is much
higher than the matrix according to the corresponding aluminum elemental maps. It’s
obvious that the nanoscale oxide particles are sparser and coarser in the B2 phase
(dark area) but denser and smaller in the fcc phase (matrix). Based on the image
contrast in the HAADF image of the Fig. 6.5 (a), the particles dispersed inside the B2
phase seems to be composed of three kinds, i.e., coarse white particles, coarse black
particle and joint particle with white and dark parts, which are marked with the arrows
of yellow, red and green, respectively. According to the elemental maps of the oxide
particles in Fig. 6.5 (a), it is clear that the white particles are enriched with Y, Hf and
O as well as the coarse black particle is enriched with Al and O. Therefore, the coarse
white particles are thought to be Y-Hf-rich oxides and the coarse black one is Al,Os,
the white part in the joint particle is the Y-Hf particle, which is adjacent to the Al,Os3
with black contrast. The three kinds of particles exist in the fcc matrix, as well, as
shown in the Fig. 6.5 (b), but in which the particles are much denser and smaller than
that in B2 phase, especially the Y-Hf particles.

The particles distributed in the 10AICrY alloy also have been exhibited with the
HAADF-STEM images and the corresponding elemental maps, as shown in the Fig.
6.6, in which the Fig. 6.6 (a) and (b) represent the B2 and fcc phase, respectively.
Based on the elemental maps, the nanoscale particles in both the B2 and fcc phases
are enriched with the elementals of Y, Hf, Al and O, as well. Besides, the particles in
fcc phase is smaller and denser than that in the B2 phase, similar with the particles
distribution of the two phases in the SAICrY alloy. The coalescence of Hf with a high
vacancy in the B2 phase has been verified to responsible for the coarsening of those
Y-Hf oxides with a core-shell structure of Y,Hf;0;; type [23, 68]. Besides, the
coarsening of the Y-Hf oxide particle joint to Al,O3 particle is thought to results from

the rapid diffusion of yttrium and hafnium atoms through the Al,Os particle/matrix
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interface [68]. EPMA elemental mapping with a high magnification has been
conducted to further investigate the distribution density of the oxide particles in the
B2 and fcc phase, as shown in Fig. 6.7. Since the Y-Hf oxide is the primary dispersoid
in the Co-based ODS superallous, it’s noticeable to confirm that the fcc phase

possesses more particles than the B2 phase through the elemental mappings of O, Y

and Hf.

Fig. 6.5 HAADF-STEM images of nanoscale particles in the SAICrY alloy and
corresponding EDS elemental maps of Co, Cr, Al, Hf, Y and O, in which (a) and (b)
are obtained from the B2 and the fcc phase, respectively.
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Fig. 6.6 HAADF-STEM images of nanoscale particles in the 10AICrY alloy and
corresponding EDS elemental maps of Co, Cr, Al, Hf, Y and O, in which (a) and (b)
are obtained from the B2 and the fcc phase, respectively.
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Fig. 6.7 Distribution of Y-Hf oxides in the fcc and B2 phase of the 10AICrY samples
obtained via high magnification EPMA element mappings.

6.2.3 Tensile properties
The ultimate tensile strength (UTS) of the S5AICrY and 10AICrY ODS

superalloys at the temperatures from 23 °C to 1000 °C are presented in the Fig. 6.8, in
which the results of conventional Co-based alloys (L605) is also inserted to highlight
the difference. In contrast to the 10AICrY alloy which shows comparable UTS with
the conventional L605 alloy, the 5Al exhibits much higher tensile strengths and
especially outstanding UTS at low temperatures.

The detailed engineering stress-strain curves at 23 °C and 700 °C are shown in
Fig. 6.9. Both the samples with 5Al (wt. %) addition exhibited high UTS at room
temperature, i.e., 2.85 GPa in the SAICrY and 1.73 GPa in the SAICr alloy with free
ODS. However, the 10AICrY sample shows relatively low UTS and extremely small
elongation at room temperature. With the increasing of temperature to 700 °C, both
the SAICrY and 10AICrY presented a decreased UTS as well as a gradually increased

elongation.
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Fig. 6.8 Ultimate tensile strength (UTS) as a function of temperature for the
5AICrY / 10AICrY superalloys and conventional L605 Co-based alloys.
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Fig. 6.9 Engineering stress-strain curves of the SAICrY, SAICr and 10AICrY at
the temperatures of 23 °C and 700 °C.
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The tensile fractured samples were observed from the normal surface and the
cross-section, which is parallel and vertical to the tensile axis, respectively. Fig. 6.10
shows the fractography of 5AICrY and 10AICrY after the tensile testing at 23 °C. In
the magnified image of Fig. 6.10 (a), dimple structure was observed and dominated
the fractured cross-section, which means a plastic deformation happened in the fcc
matrix. In addition, several spherical holes were found, as shown with the dotted
circle in the Fig. 6.10 (a), which was supposed to be derived from the spallation of B2
phase during the tensile test. In the cross-sections of the 10AICrY, in addition to a
small quantity of the dimples, amounts of flat areas were observed, as shown with the

dotted circle in the Fig. 6.10 (b), resulting from the brittle deformation of B2 phase.

Fig. 6.10 Fractured cross-sections of the SAICrY (a) and the 10AICrY (b)
alloys at room temperature.

Fig. 6.11 shows the normal surfaces of the fractured 5AICrY and 10AICrY
samples at 23 °C and 700 °C. It’s obvious that the fractured surfaces are tidy at 23 °C
and then change to be rugged at 700 °C. Usually, the tidy fracture is one of typical
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transgranular fracture with high brittleness as well as the rugged fracture means
intergranular fracture with high ductility. It means that the fracture mechanism
changes from the brittle fracture to ductile fracture with the temperature increasing,
which is consistent with the growth of elongation at elevated temperature. However,
the occurrence of this rugged fracture is much earlier in the SAICrY than that in the
10AICrY alloy, and an obvious tidy fracture even could be found in the 10AICrY at
700 °C. Hence, it was determined that the 10AICrY is mainly dominated by brittle
fracture and results in relatively low UTS during the whole tensile testing. In addition,
as shown in the Fig. 6.8, even a decrease in the UTS happened with the increasing of
temperature, the 10Al possesses a slow decreasing rate of UTS than 5Al alloy, which
is attributed to the gradual recovery of plasticity for the 10Al at elevated temperature.
In addition, amounts of cracks were observed at the surface after the deformation at

700 °C, as shown with the magnified image at the bottom left of the Fig. 6.11.

Fig. 6.11 Fractured surfaces of the SAICrY and the 10AICrY alloys at 23 °C,
700 °C.
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6.3 Discussion

In respect of conventional Co-based alloys, the fcc-to-hcp allotropic
transformation proceeds spontaneously during cooling from about 426 °C down to
330 °C and results in a stable hcp (€) phase at room temperature, which is known as
fcc/hep martensitic transformation [96]. As shown in Fig. 6.12, the composition of
Co-20Cr-5A1/10Al (wt. %) should be dominated by hcp phase based on the ternary

phase diagram.

Al

B2 + Sigma

Co; 0 . 1 0 10 = Cr
wt. % (Cr)

Fig. 6.12 The ternary Co-Cr-Al phase diagram calculated with Pandat software at 23 °C.

However, no obvious hcp diffraction peaks could be observed in both the
SAICrY and the 5AICr samples at room temperature from the XRD diffraction
patterns (Fig. 6.2), which means that the phase transformation of fcc-hcp has been
suppressed during cooling process. Alloying elements play a significant effect on the
volume fraction of the & martensite phase (V). However, although a high 20Cr
(wt. %) was introduced in the present Co-based system, K. Ando, et al. [97] claimed

that the addition of Cr could only slightly decreased the V,,, in Co-Al alloys. Thus, the
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low V;, in the Co-based alloys at room temperature should not be attributed by the
addition of Cr.

P. Huang, et al. [98, 99] reported that the Vy, is strongly influenced by the grain
size in the Co-Cr-Mo alloy, and the Vi, is relatively low in fine grained alloys but
concomitantly increases with increasing grain sizes [98]. In the case of the ultrafine
grains of the 500 nm in the SAICrY, 800 nm in the 10AICrY and the 1.2 pm in the
S5AICr alloys, an extremely small Vy, could be obtained if substituting the grain sizes

to the function proposed by P. Huang, et al., as shown in Fig. 6.13.
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Fig. 6.13 Volume fraction of athermal e-phase as a function of grain size.

The critical activation energy (AG) for fcc-to-hcp martensitic transformation can

be expressed as [100]:

K
~ (Ag+AGmp* (6.1)

where K is a constant connected with the elastic and interfacial energy between the

martensitic and initial phases, Ag is the chemical driving force for martensitic
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transformation, and AGyy is excess energy because of the Gibbs-Thomson effect

[101],
AGpne = 2yVi /R (6.2)

In which the vy is the interface energy; V, is the molar volume; and R is the grain
radius. It’s obvious that the AGp,; would increase with the refining of grain size [102],
since the decreasing of grain size results in an increase of the volume of interfaces.
Since a negative value of Ag for the fcc-to-hep transformation in Cobalt, i.e., -16
J/mol [103], the total critical activation energy would be increased with the increasing
of AGpy, in Co-based alloys. It has been reported that for cobalt with an average grain
size of 10 um the AG for martensitic transformation is 5 times higher than it is for
conventional coarse-grained cobalt [104]. Therefore, a much higher AG induced by
the ultrafine grain in the Co-based alloys is supposed to be responsible for the stable
fcc structure at room temperature. The processes that lead to the formation of
nano-crystalline structures during ball-milling have been claimed in amounts of
reports [105, 106], which is attributed to the high deformation rates in the MA process.
Besides, grain boundaries and phase boundaries are decorated with a large number of
oxide particles in the SAICrY and 10AICrY alloys [68], the grain coarsening during
sintering and annealing process could be suppressed by the oxides pinning effect in
ODS superalloys [13, 107], which results in a smaller grain and more faint hcp peak
in the SAICrY than that in the SAICr alloy, as shown in the Fig. 6.4 and Fig. 6.2,
respectively.

Another point should be noted is that the extremely high strength of the SAICrY
at room temperature, which is much higher than other conventional superalloys. As
described in Fig. 6.5, the SAICrY is dominated by fcc phase and in which a large
number of fine Y-Hf particles are distributed. According to the TEM observation on
the SAICrY sample after tensile test at room temperature, as shown in Fig. 6.14,
dislocation motion was found to be restrained by the pinning of fine dispersoids.

Therefore, a strong ODS effect could be confirmed in the SAICrY superalloy.
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Fig. 6.14 TEM images of the SAICoY superalloy after tensile test at room temperature.

Based on the following equations proposed by Scattergood and Bacon [42], the

ODS effect could be quantitatively measured.

_AMGo D
O = A (1n ot B) (6.3)
A =1.25¢¢ — 2rg (6.4)
3
(= / 2zt (6.5)
3fr
)
nr
r = —— 6.6
e (6.6)

In which the oy, is the threshold stress and corresponds to the oxide
particle-hardening stress; the A4 is average face-to-face distance between two
particles; M is the Taylor factor (3.06); G is the shear modulus and equals to 75
GPa at room temperature; b is the magnitude of the Burgers vector (2.48 X 10" m); A
and B are constants and are taken as 1.06 and 0.65, respectively; 1y is the inner cut-off
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radius of a dislocation core (b-3b); D is harmonic mean of A and 2ry; 15 is the
average particles radius: 8 nm in fcc phase and 11 nm in B2 phase; ¥ is the average
center to center distance; f is the volume fraction of the dispersed particles: 0.0217 in
the fcc phase and 0.0257 in the B2 phase. Above distribution of the oxide particles in
fcc phase and B2 phase was derived by analyzing TEM images and the detailed

results are exhibited in Fig. 6.15.
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Fig. 6.15 Oxide particles distribution of the fcc and B2 phase on the
SAICrY superalloy.

The calculation for o, is 628.8 MPa in the B2 phase as well as 711.1 MPa in
the fcc phase. According to the report [68] that volume fraction of the fcc and the B2
phase in the SAICoY sample is close to 90 % and 10 %, respectively, the oxide
particle dispersion strengthening in the SAICoY superalloy was approximated to be
702.9 MPa at room temperature. Strength increment in 5AICoY from non ODS
5AICo reaches approximately 1 GPa from Fig. 6.9. In SAICoY, therefore, the other
effect such as grain boundary strengthening could work effectively at room
temperature, because SAICoY contains finer grain size than SAlCo.

In order to further investigate the strengthening mechanism, the fractured SAICrY
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alloy after tensile testing at room temperature was analyzed with more TEM work.
Based on the bright field (BF) TEM images (Fig. 6.16), amounts of parallel strips
with an ultrafine width were found. Furthermore, the selected areca diffraction (SAD)
pattern of each strip marked with dotted circle has been performed and their results
are presented. Based on the SAD patterns, the region 1 was confirmed to be fcc phase,

and the area 2 was proved to be the fcc phase, as well.

Fig. 6.16 TEM images and corresponding selected area diffraction (SAD) patterns
of nano-twins in the SAICrY alloy after tensile test at room temperature.

After broadening the range of selected area, a typical fcc twin structure was
observed, as shown with the SAD pattern of 3. Therefore, it’s confirmed that the
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twinning deformation happened during the tensile test at room temperature. Besides,
with a high magnification TEM image, as shown with the bottom BF TEM image in
Fig. 6.16, a large number of oxide particles are decorated inside the nano-twins.

The TEM observation also has been performed for the SAl No ODS sample after
the tensile test at 23 °C, as shown in the Fig. 6.17, in which an obvious twinning

deformation could be observed.

Fig. 6.17 TEM images of deformation twins in the SAICr alloy after tensile test at
room temperature.

Thus, the twinning formation during tensile test could be confirmed for the two
Co-based alloys. It has been verified that metals and alloys with low stacking faults
energy (SFE) readily deform via twinning [108, 109]. In respect of other metals which
possess a relatively high SFE values, the twinning also could be usually observed
through decreasing the grain size, such as Cu and Ni [110, 111]. It has been reported
that the twinning is one of the typical deformation mode for the y-cobalt (fcc), which
possesses a low stacking fault energy and facilitates twinning deformation during

strain, especially for the ball-milled nanocrystaline cobalt [112, 113].
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Twinning may play a crucial role in enhancing the work-hardening rate since the
fact that twin boundaries act as strong barriers to dislocation slipping [113, 114]. The
interaction between twin and dislocation could be schematically exhibited with Fig.
6.18.
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Fig. 6.18 Schematic illustration for the interaction between twin boundary
(T.B.) and dislocation motion.

Since the twin boundary works as like grain boundaries to block the motion of
dislocation, the well-known Hall-Petch strengthening model was considered to be
used to quantify the relation between the mechanical strength and deformation twins.
Gray et al.[115] also proposed that the deformation twinning could improve the
strain-hardening rate via Hall-Petch type hardening mechanism, since the twinning
divided grains and decreased the effective slip distance. The strength of deformation
twins has been calculated and the results were found to match quantitatively with the
Hall-Petch grain size strengthening by Salem et al.[116].

The well-known Hall-Petch strengthening model could be expressed as follow
[117-119],
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oy = 6o + kd™/2 (6.7)

where oy is the yield strength, o is the friction stress, & is the Hall-Petch slope, d is
the grain size. Due to a limited research in the Co-20Cr-Al (wt %) system, no detailed
values of 6y and k can be accessed for the Co-based alloys. In order to derive those
values, we cite the 6y and k£ in the Ni-20Cr (wt %) (Small addition of Al) system,
since both the two systems are fcc structure and the Ni possesses a close atom size
with Co. Namely, the oy and & in the Co-20Cr-5Al (wt %) alloys are approximately
equal to 254 + 0.01 MPa and 622 + 0.02 MPa - pm'?, respectively [120]. Since the
matrix of the 5AICrY and 5AICr samples are composed of normal grains and
deformation twins, the application of Hall-petch should be separated into two parts, in
which a different effective grain size should be utilized. In the case of normal gains,
it's easy to obtain this part GB strength since the average matrix size has been
measured to be 500nm in the SAICrY and 1.2um in the SAICr alloys. For the part of
twins, if the twin density and size are both known, the calculation of deformed twins
strengthening is fairly straight forward, as well. Therefore, the total GB strength could
be shown with next relationship:

oc=0,*V,+07Vr (6.8)
in which o is total GB strength; o, and V,, mean the normal grain GB strength and the
volume fraction of the normal grains in matix; or and Vr are corresponding GB
strength and volume fraction coming from the deformed twins.

Fig. 6.19 shows the IPF and 1Q maps of the room temperature tensile tested
SAICrY and SAICr samples. Based on these images, the area fraction of deformation
twins could be measured, which was found to be 20% in the 5SAICrY and 32% in the
SAICr alloys, respectively. In respect of the calculation of twin size, since the motion
direction of dislocation in the twins cannot be known, it’s difficult to confirm the
dislocation sliding is parallel to the long twin boundary or just perpendicular to it.
Therefore, based on the observation of TEM, both the short and long distance
between twin boundaries have been measured and the results are listed in Table 6.1.

Besides, the corresponding Hall-petch strength with the two distances has been
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calculated and introduced in the Table 6.1, which was marked with o5 and of,

respectively.

L-B2 - L-B2no ODS

Fig. 6.19 IPF and corresponding 1Q maps obtained from the SAICrY and the
5AICr samples.

Table 6.1 Measured distance in deformed twin grains through TEM
observation.

Alloys Short distance/um os/MPa Long distance/um o /MPa
SAICTY 0.03 3845 1.20 822
5AICr 0.08 2453 1.46 769

In the case of o1, we supposed it approximately equals to the average of the o5 and oy,

as follow;
OT = Og + oy, (69)

Table 6.2 exhibits all the calculated results in the two alloys.
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Table 6.2 Calculated relative GB strength values for the deformed twins in the
SAICrY and the SAICr samples.

Alloy o,/ MPa Viu/% Gn - Vo | of/MPa | Vi/% |or . Vr| o/MPa
5AI1CrY 1134 80 907 2334 20 467 1374
5AICr 822 68 559 1611 32 516 1075

Thus, the difference of the GB strength could be found to be 299 MPa, which is

quite consistent with the value derived from the UTS difference (297 MPa) in the

SAICrY and the SAICr sample. Besides, if we use the UTS strength to subtract the GB

strength and relative ODS strength, the solid solution strength in the two samples

could be approximately derived, which equals to 673 MPa in the SAICrY and 676

MPa in the 5AICr alloys. Consequently, a summarization Fig. 6.20 for the analysis of

the UTS strength could be produced and listed as follows.
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Fig. 6.20 Strength components for the UTS in the SAICrY and the 5AICr

samples.
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Besides, it’s known that the y-cobalt (fcc) phase is metastable at room
temperature and will experience a strain-induced y-&¢ martensite transformation on
deformation [121-123]. The Shockley partial dislocations at {111}, has been
regarded as an origin for the formation of e-martensite, and even resulting in
fce-twinning formation once the further deformation happened, as shown with the

schematic plot in Fig. 6.21 [124, 125].
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ABCA ABCA ABCA
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Fig. 6.21 Schematic illustration for the formation of hcp phase and fcc twins
induced by Shockley partial dislocation in fcc matrix.

It’s also clarified that the strain-induced y-¢ transformation occurs simultaneously
with twinning deformation in ultrafine and nanocrystalline grains as the strain
increased. And both the e-martensite and twin boundaries act as strong barriers for
blocking dislocation slipping [123]. In order to investigate the martinsite
transformation during the tensile test at room temperature, the specimens of SAICrY
and 5AICr alloys after deformation were detected with X-ray diffraction analyses, as
shown in Fig. 6.22 (a) and (b), in which the results of before tensile test also have
been inserted to outstanding the effect of deformation. However, no obvious growth
of the hcp diffraction peak was found. It means that the e-martensite phase is not
available for interpreting the high strength of the Co-based alloys at room temperature,
and the strain-induced direct twinning deformation is supposed to work.
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Fig. 6.22 Comparison between the XRD results of the samples before and after
tensile test at 23 °C, (a) is 5AICrY superalloy and (b) is 5AICr alloy.

In addition, amounts of cracks at the normal surface of fractured 5AICrY
superalloy were observed, as shown in Fig. 6.11, which is being more noticeable with
the increasing of temperature for tensile testing, such as at 1000 °C. According to the
corresponding EBSD 1Q and OIM-IPF maps, as shown in Fig. 6.23 (a) and (b), the
cracks are located along grain boundaries and grain boundary triple junctions, which
is a clear evidence for the occurrence of grain boundary sliding. At elevated
temperatures, deformation could be accelerated since the sliding and atomic diffusion
through grain boundaries and results in the formation of cracks follow the grain
boundaries. It's one of the main failure modes for the ODS superalloys who possess
ultrafine grains [126]. Therefore, the drastic decrease on the UTS is attributed to the
grain boundary sliding at elevated temperature, resulting in similar UTS at 1000 °C,
as shown in the Fig. 6.24, even the different volume fraction of B2 and fcc phase in

the SAICrY and 10AICYY.
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Fig. 6.23 SEM images and corresponding IQ/OIM-IPF maps on the fractured
surfaces of the 5AICrY and the 10AICrY alloys at 1000°C.
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Fig. 6.24 Engineering stress-strain curves of the SAICrY and 10AICrY alloys at
the temperature of 1000 °C.

6.4 Summary

A comprehensive experimental investigation has been performed to characterize
tensile properties of the novel Co-20Cr-(5, 10)Al-2.4Hf-1.5Y,03 (wt. %) ODS
superalloy. Specific conclusions are drawn as follows:

(1) The Co-based superalloys show a stable fcc phase at room temperature due to the
ultrafine grain in both alloys, i.e. an average grain size of 500 nm in 5Al and 800
nm in10Al alloy, resulting from the ball-milling and pinning effect of Y-Hf oxide
particles. With the increasing of Al addition, the ductility of Co-based superalloys
was reduced significantly since a high brittleness of the B2 phase and results in a
brittle fracture of the 10Al Co-based superalloys at low temperature.

(2) The 5Al Co-based superalloys exhibit extremely high tensile strength with the
2.65 GPa at room temperature, which is associated with the nano-twins
deformation induced by strain. The distribution of fine Y-Hf oxides in the 5Al
results in an improvement of strength with 631 MPa. The tensile strengths

decreased significantly with the increase of temperature, and a similar UTS was

122



obtained in the 10Al and 5Al alloys at 1000 °C, which is attributed to the grain

boundaries deformation with an ultrafine grain in the both alloys.
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Chapter 7 Conclusions and outlook

I have studied Co-based oxide dispersion strengthened (ODS) superalloys at the
Ph.D course of Hokkaido University. In order to realize the excellent mechanical
properties and oxidation resistance at 1,000 °C, the innovative Co-20Cr-(5, 10)Al
(wt. %)ODS superalloys containing 1.5 wt% Y,0; were designed and fabricated by
mechanical alloying (MA), spark plasma sintering (SPS), hot rolling and the final
annealing at 1200 °C. In the past three years, excellent results have been achieved
concerning microstructure characterization, high temperature oxidation mechanism
and mechanical strength characterization. The main achievements are described in the
following.

(1) Microstructure characterization

The novel Co-based ODS superalloys were designed on the basis of Co-Cr-Al
phase diagram computed by the thermodynamic software Pandat. The superalloys
contain a Co solid solution phase with face-centered cubic (fcc) structure and a CoAl
phase with body-centered cubic (B2) structure, which offers the guarantee for good
ductility and favorable strength, respectively. The volume fraction of the two phases
in the Co-based ODS superalloys could be flexibly controlled through changing the Al
content from 5-10 wt. %. Fine Y-Hf oxides particles were found to be densely
distributed in the both phases. Moreover, a unique core-shell structure of Y,Hf;0,7 in
core and Y,Hf,0; at periphery was discovered, which provides significant references
for the study of ODS superalloys.

(2) High temperature oxidation behavior.

High-temperature oxidation behavior of the Co-based ODS superalloys was
investigated by the isothermal oxidation test at 900 °C and 1000 °C in air. With the
increase of Al content from 5 wt. % to 10 wt. %, the oxidation resistance of the
superalloys had been significantly improved by the formation of a single alumina
scale instead of a duplex scale of outer CoCr,04/Cr,03 and inner Al,Osin the 5Al. i.e.,
the 10Al specimens possess a better oxidation resistance than the 5Al specimens,
which is far better than conventional Co-based alloys. A faster 6- to a-alumina

transformation at higher temperature was found to be responsible for the smaller
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weight gain at 1000 °C than at 900 °C for the 10 wt. % Al specimens. The effect of Cr
on the oxidation resistance also was investigated, and it shows that the addition of Cr
into Co-based ODS superalloys effectively improve high-temperature oxidation
resistance by accelerating the formation of an exclusive alumina scale instead of the
multilayered scale with an external CoO/CoAl,O4 and an inner Al,Os3. Besides, with
Y,0; addition, the Co-based ODS superalloys was proved to possess far better
oxide-scale adherence than that in free Y,O; alloys.

(3) Mechanical Properties.

The tensile strengths of the Co-20Cr-(5, 10)Al ODS superalloys were evaluated.
Both 5Al and 10Al alloys possess high tensile strength at 23 °C. 10Al shows less
strength at low temperature since a brittle fracture caused by high B2 volume fraction.
One point should be noted is that SAI possesses almost 2.85 GPa at room temperature,
which is far better than the strength in Fe- and Ni-based alloys, it would be
comparable with the strongest steels in the world. The mechanism of this excellent
strength was clarified to be attributed to the strain-induced nano-twins deformation
during the tensile test. The distribution of fine Y-Hf oxides results in an improvement
of strength with 703 MPa in the 5Al and 670MPa in the 10Al superalloys,
respectively. However, along with the increasing of temperature, a drastic reduction in
strength was observed, which is attributed to grain boundary deformation at elevated
temperatures due to the ultrafine grains of 500 nm in the 5Al and 800 nm in the 10Al
Co-based superalloys.

(4) Optimized composition and outlook

According to the previous results that the tensile strength of 5Al is higher than
10AL less Al should be considered to add into the composition of the Co-based
superalloys, the reason was confirmed to be the brittle fracture in 10Al with high B2
volume fraction. However, the 10Al superalloy possesses a superior oxidation
resistance with the formation of a single alumina scale than the SAl superalloys with a
duplex scale of outer CoCr,04/Cr,O5 and inner Al,Os. Hence, in the next step, the
composition optimization based on altering the Al content should be conducted, to
find out the least Al content to form the single Al,O; scale through isothermal
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oxidation testing at 1000°C. The Al addition of 6 or 7 wt.% was considered to be
applicable in this system.

Besides, previous results in our lab have demonstrated that directionally
recrystallized grains can be formed in Ni-base ODS superalloys by zone annealing at
appropriate conditions. Besides, it was proved that the primary orientation of grains
controls the mobility of grain boundary migration and [100] crystalline direction is
desirable for columnar grain formation. Hence, zone annealing is considered to make
coarse grains in the Co-based ODS superalloys. Due to zone annealing is performed
in a temperature gradient, the effect of parameters (annealing temperature,
temperature gradient, holding time and travel speed of specimens) on grain
morphology will be studied.

Through controlling the aluminum content in the composition, a minimum volume
fraction of B2 phase with the ability to form a single Al,O; scale would be retained in
the Co-base ODS superalloys. Besides, directionally recrystallized coarse grains with
a uniform distribution of ultrafine Y,Hf,O oxide particles would be implemented and
as the desirable microstructure of the Co-based ODS superalloys, which ensures a
combination of excellent high temperature strength and microstructure stability at
high temperature above 1000°C. The innovative Co-based ODS superalloys will be
expected to be used in making high temperature parts of industrial gas turbine, and the
thermal efficiency is able to be remarkably improved for the industrial gas turbine.
This development greatly contributes to the realization of the next generation of

ultrahigh efficient industrial gas-turbines.
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