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Chapter 1

Introduction

1-1 History of Solid State lonics

Solid ionic conductors are solid state materials that can generate the electric current
fluxes of ions under applied field, and the sciences and technology involving solid ionic
conductors are called Solid State Ionics. Solid State Ionics is a multidisciplinary scientific
field, where chemistry, physics and materials science meet to explore ionic transport in
solids including ceramics, glasses, polymers and composites with various morphologies
(ex. single crystals, sintered bodies, composites or thin films).! In 21st century, Solid State
Ionics is emerged as one of the most attractive scientific fields because of its useful

technological applications (ex. batteries,>!® fuel cells,"*! redox flow batteries,?*?!

22,23 24-31

capacitors,’>? sensors?*! or gas separation membranes*?=%). Moreover, their applied

research fields have been expanded to the information and communication field (ex.

35-37 38,39 40-42

memristors, switches,*®* conductor***? or photo-nanoionic devices***), and life
sciences (Fig. 1-1).

The history of the ionic conduction in solids originates in the discovery of the validity
of Faraday’s law for solid conductors (i.e. the amount of mass transported by the current
in the solid was given by Faraday’s law) which is demonstrated by Warburg et al. in

1833.47 From a microscopic standpoint, ionic conduction in solids is caused by the



existence of defects in the solid bulk interior. These defects are known as point defects;
Schottky defect is formed when oppositely charged ions leave their lattice sites, creating
lattice vacancies in ionic crystals. In Kroger-Vink notation, the above reaction is denoted
as

Null 5 V' +Vx™ (1-1)
Frenkel defect is formed when an ion moves from a lattice point to an interstitial position,
creating both a lattice vacancy and an interstitial ion.

Null 5 Vu'"+M;" (1-2)
The ionic diffusion mediated via vacancies are called as vacancy diffusion mechanism,
and the diffusion of interstitial ions are categorized to interstitial diffusion mechanism
(Fig. 1-2).

The theory of defect thermodynamics in solids was began by Joffé Frenkel, suggesting
that the concentrations of defects obey laws of mass action similar to those holding for
dissociation equilibria in liquid electrolytes. This concept was taken over by Schottky and
Wagner, and thus equilibrium thermodynamics of point defects and their diffusion
kinetics in the bulk of solids have been well studied and understood.*®>? Therefore, the
development of new materials based on the fundamental theory described above has

become a central issue of Solid State lonics.
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defect mechanism and (d) interstitial diffusion mechanism.
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1-2 The issue of mixed ionic-electronic conductors

In 1960’s, the theory of mixed ionic-electronic conductor (MIEC), which conduct both
ions and electronic charge carriers (electrons and/or holes), was developed by Wagner,
Hebb, and Yokota et al.***?> MIECs play a crucial role in various electrochemical devices
because the density of both ionic and electronic fluxes governs the kinetics of elemental
charge transfer reaction. Accordingly, it is strongly motivated to develop MIECs realizing
high ionic conductivity at relatively low temperatures in order to increase efficiency and

lifetime and expand the range of the applications of the solid state electrochemical devices,

54-56 57,58 32-34

such as solid-state fuel cells, all-solid-state battery, separation membranes,

3337 and photovoltalic-devices.**** Table 1-1 show the summary of

memristive switches
various MIECs and their related applications.

In the battery industry, many types of MIECs have been intensively used for the
cathode/anode materials. >*%! LiCoO; spinel is most famous cathode materials of lithium-
ion secondary battery, which is the largest commercial application for solid ionic
materials. This oxide conducts reversible Li insertion/desertion for the discharge/charge
processes via coupled with Co redox due to the excellent Li" ion electron mixed
conductivity, and the Li* ion conductivity reaches to 5.0 X 10 S cm™ even at room
temperature.®® Recently, LiMn; sNiosO4 has also attracted much attention as an alternative
cathode because of the superior Li* ion conductivity at room temperature.5>
Another example of room temperature MIECs is I" conducting, p-type semiconductor

CH3NH;3PbIs. Recently, this compound has attracted much attention as a key material of

organic perovskite solar cells,*%® because the systems using CH3NH3Pbl; in hole



injection layer achieved the high efficiency as high as Si-solar cells. Etgar et al. reported
that this superior I conductivity makes a crucial role for the efficient hole-electron
separation without abrupt recombination at the CH3NH3Pbl3/TiO; hetero junctions.®”-68

Unfortunately, MIECs that exhibit fast oxide ion conductivity at room temperature

t, although these materials are promising for the fuel cell

have not been available ye
electrodes, ultrapure oxygen gas separation membranes and resistive switching memory
etc. A family of perovskite-type cobaltites and its derivatives, such as Smo.5Sro5C0o0O3
(SSC) and Lag.6Sr0.4Co00.2Fe0 803 (LSCF), has been known to exhibit pronounced oxide
ion electron mixed conductivity at elevated temperatures, and thus, they are promising as
a porous cathode of solid oxide fuel cells (SOFCs).”7?

Room-temperature proton conducting MIECs are also promising for the fuel cell
electrodes, ultrapure hydrogen gas separation membranes, hydrogenation membrane
reactors and so on. Unfortunately, such materials have not been discovered yet, although
mass of hydrogen is much smaller than other ions such as Li" or O*.

Based on vacancy defect or interstitial diffusion mechanism (Fig. 1-2), West et al. listed
the crystallographic-structural factors for the fast ion conductors as follows;”*

1) A large free volume is in crystal lattice.

2) Equivalent unoccupied sites are in crystal lattice
In fact, most of fast ion conductors take crystal structures satisfying these conditions, i.e.
Fluorite structure, Perovskite-related structure, Spinel-type structure and/or Layered
structure.” Although numerous efforts have been done to develop new fast ion conductors

with the crystal structural optimization, the conductors taking alternative structures to

these groups are still rather few, and thus, currently, material chemists are stimulated to



explore artificial MIECs having significantly-high conductivity at ambient temperature

by changing technology.

Table 1-1. Summary of MIECs and its related application at room temperature.

Mobile ion MIECs Crystalline Operating Conductivity at Applications
carrier structure | temperature 25°C/S em™!

Li* LiCoO: Spinel It 5.0x10¢ Cathode of Li battery
LiMni.5Nios04 Spinel rt 2.0x107 Cathode of Li battery
LiFePO4 Alluaudite | rt 5.0x107 Anode of Li battery

H* Ni/BaCe1.+Y:O2 Perovskite 7>700°C - Dense separation membrane

Fuel cell anode

o* Lao.sSr0.sCrOs Perovskite 7>500°C - Dense separation membrane
Lao.6Sr0.4Coo.2FeosOs | Perovskite 7>800°C 1.0x 10 Fuel cell cathode
Smo.5Sr0.5Co03 Perovskite 7>500°C - Fuel cell cathode
BiCuVOx Fluorite 7>300°C 1.0x107 Fuel cell cathode
TiOyx, TaOy thin films | Amorphous | rt - Memristive switching

I CH3NH3PbI3 perovskite rt 1.1x1072 Dye for solar cells




1-3 Approaches and objectives of this thesis

As mentioned before, the development of artificial ion conductors that possess
significantly high ionic conductivity at room temperature is of great challenge for
materials chemists. The defects in solids essentially act as an electron donor or acceptor,
so that the defect concentration should be described in terms of equilibrium with
electronic carrier in semiconductor materials. For instance, the formation of oxygen
vacancy leaves electronic carriers into the solids for the charge neutrality as follows.

00" — Vo**+1/20,+2¢ (1-3)
This strongly suggest that the defect thermodynamics could strongly correlate with the
concentrations and/or energy levels of the electronic carriers in MIECs. In fact, several
authors reported on the enhanced ionic conductivity due to the thermodynamic interaction
between electron and the corresponding defects. In 2016, proton conductivity induced by
exchange between proton and ligand holes have been reported for SmNiOj3 systems by
Zhou et al.”> They fabricated micro-fuel cells comprising self-supporting SmNiO;
electrolyte thin films with Pt cathode and Pd anode by combination of rf sputtering
deposition and dry patterning processes. SmNiOs3 is a Mott-insulator, i.e. SmNi1O3 become
insulator at temperatures above 400°C due to the charge ordering in NiOg units by the
electronic transition from @’L' to d@®L' state (L; a ligand hole). When such films are
exposed to hydrogen atmosphere, carrier exchange between positively-charged ligand
hole, L, and proton, H', takes place, thereby the compound exhibits excellent proton
conductivity.” The conductivity reaches to 6.3x10 S cm™ at 400°C, which is similar to

the fast proton-conducting BaZro8Y0.20s.



Recently, Lacorre et al. discovered that a family of La;Mo020y9, so-called LAMOX,
exhibits super oxide ion conductivity in the relatively low temperature range.’®”’
LASMOX takes same structure as -SnWOs, in which Sn** ions forms distorted nine-
coordinated polyhedral with oxygen of tetrahedral WO4>" oxidations. Sn>" ions take the
electronic configuration of [Kr]4d!°5p? and its largely-expanded (5s)? lone pairs have the
same diameters as that of oxide ion (O?"). Hence the isomorphous LazMo01.7Wo.30s retain
‘channel’ to accommodate oxide ions near La®" ions because La'" ions have no lone pairs,
despite occupying equivalent Sr** state as StWOs, and thus the oxide ion channel can be
formed through vacancy of the lone pair.”’

Recently, more and more evidences of the importance of nanoscale structure in relation

to ionic conductivity have been compiled,’®*!

where not only strong variations in the
conductivities are achieved but also qualitative effects such as changing the type of
conductivity could be observed. Maier et al. reported that artificial thin films comprising
BaF, and CaF; alternative multilayers exhibit emergent enhancement of F~ ion
conductivity, achieving few orders of magnitude higher conductivity than those of BaF»
and CaF» bulks.®! In more recent year, Garcia-Barriocanal et al. reported that colossal
oxide ion conductivity in the artificial heterostructures comprising the yttria-stabilized
ZrO; (YSZ) ultrathin epitaxial layer on a (100)-oriented SrTiO3 (STO) substrate.®? Since
the lattice mismatch between YSZ and STO are relatively large (7%), the large
mechanical strains are accumulated in vicinity of YSZ/STO interfaces, which could lower
the bottleneck of oxygen vacancy hopping and thus encourage the oxide ion migration

along the interfaces. Consequently, oxide ion conductivity of the artificial heterostructure

is 8 orders of magnitude higher than that of YSZ bulk.®



In summary, it is concluded that the electronic and/or interfacial phenomena in solids’"
75 offer a new opportunity to develop room-temperature fast ion-conducting materials.
Normally, high temperature sintering processes have been applied to fabricate ceramic
ion conducting materials in order to highly-densified sintered bodies, however, those are
rather unsuitable for the development of new artificial ion conductors with tailoring
microstructures and/or electronic states. It is difficult to prepare the nanostructured
materials retaining large volume of grain boundary interfaces by such conventional
process because of significant grain growth during sintering. Furthermore, the difficulty
also encounters in the preparation electronic materials because the precise controls of
dopant concentrations and stoichiometry are required to tune the electronic properties of
inorganic compounds.

Sputtering is a technique to deposit dense thin films uniformly over a wide area of
substrates by colliding an inert gas (ex. Ar) against targets at a high speed. Especially,
radio frequency (RF) sputtering has the following advantages;

1) Various kinds of materials (ex. high melting point metals, alloys, oxides, nitrides,
sulfides, polymers, etc.) can be used as targets.

2) Multi-target sputtering (co-sputtering) enables the fabrication of various hybrid
materials, such as oxide-metal nanocomposites, oxide alloys, ceramics nanocomposites
and so on, with controlling the structure and composition in nanometer thickness
precision.

3) Sputtering of metals under reactive gases, such as Oz, N2, Hz, etc. in addition to
sputtering gas (normally Ar), so-called, reactive sputtering enables facile formation of

metal oxides, nitrides, hydrides and so on. In this case, it is feasible to adjust the



nonstoichiometry of the deposited materials, thereby, valence state of the metal
components by controlling the reaction gas concentrations.®*%

4) Deposition can be carried out at low temperatures, and thus, it is easy to fabricate
densely-packed films of nanostructured materials, such as nanocrystalline membranes,
nanolaminates, and nanohybrids without significant grain growth.

Based on these features, it is concluded that sputtering is advantageous to fabricate

artificial ion conductors with tailored nonstoichiometry, valence state and nanometer-

sized morphology.

To sum up, the objective of the present thesis is to develop enhanced ion-electron mixed
conducting films based on the thermodynamic interaction between ionic defects and
electron carriers or the formation of interfacial ion conducting pathways. Such materials
have been attempted to be fabricated by reactive sputtering techniques with precisely-
controlling the stoichiometry and microstructures in a dimension of nanometer. The more

detail objectives of this thesis are summarized below.

(a) Memristive switching caused by room temperature oxide ion conduction
of Ga(l) suboxides

A memristor is a forth fundamental circuit element, defined as a resistive switching
device that varies its internal resistance state according to the history of the applied
voltage and current (Fig. 1-3(a)).3>>7 Following the definition by Chua et al.,*”*® it can
be described by a set of equations including the following current equations,

v = R(x)i (1-4)

10



== flxD) (1-5)

here V, I and R are the voltage, current and resistance, respectively. x is an internal state
variable, described by a time-varying function f, and it is crucial to the switching
dynamics of the memristor. Therefore, memristor can still remember how much voltage
was applied before and for how long when the applied voltage is turned off, and the
feature is characterized by figure-eight pinched hysteretic /-7 curves (Fig. 1-3(b)).

In principal, mixed ionic electronic conductors (MIEC) sandwiched by two blocking
electrodes may show homogeneous resistive switching, if the ions are uniformly
conductive throughout the film bulk, even at room temperature, since the homogeneous
migration of ions will modify the electronic carrier distribution across the conductor, and
thus its bulk resistivity.>>**! However, there is only very few well-known bulk

memristive systems®>

since the bulk ionic conductivity of MIECs is usually very low
near room temperature. Furthermore, the direct evidence for the bulk state function of the
switching system is still missing. Hence, it is a great challenge for materials scientists to
establish a non-filamentary-type MIEC memristor based on the efficient, bulk ion
conduction at low temperatures.

In more recent year, Aoki et al. reported enhanced oxide ion conduction in the thin
films of amorphous gallium(I) suboxide at room temperature.”® The mechanism of the
oxide ion conductivity has been still unclear, however, it would be attributed to the large
polarizability of Ga(I) states by the following way. Ga(l) states have electronic
configuration of [Ar](4s)?, thereby possessing a (4s)’ lone pair. Because 4s orbital is

specially expanded compared to d orbitals, coulombic interaction between Ga(I) cation

and O* anion is partly shielded by the (4s)? lone pair and thus, dissociation energy of

11



mobile oxide ions could decrease (Fig. 1-3(c)). Since Ga(I) suboxides are not thermally
stable under oxidative atmosphere at elevated temperature, it is a great challenge to

prepare such oxides with tailoring their oxygen nonstoichiometry precisely.

(@) (b)
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Fig. 1-3 (a) The four basic circuit elements and their relationships. (b) Coulombic
interaction between O? anion and (4s)? lone pair on Ga(l) cation. (c) Strongly-time-
dependent /-V characteristics of a-Ga01.1 thin films with thickness of 90 nm. The -V

loops were measured at 25°C with various voltage-sweep rates vsy in the range of 0.005—
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(b) Development of metal nitride nanocrystalline membranes with high
hydridic conductivity

Recently, hydrogen is attractive as “clean energy” because it can be made from water
electrolysis by renewable energy such as sunlight, wind or water power generation.’”-8
room temperature hydrogen ion conductors are promising as a separation membrane in
order to produce ultrapure hydrogen for fuel cell systems.”!%2 BaCeOs, SrCeO;
(perovskite-type), BaM1xM’xO35 (M=Zr, Ce; M’=Y, Nd, Gb, Yb, etc) or related cermet
materials (ex. Mixture of BaZri,Ceo9.xY0203 and NiO) have been investigated as a
hydrogen separation membrane of mixed proton-electron conductors (MPECs) (Fig. 1-
4) 3% 103-199 Tp these oxides, protons are incorporated by association between the oxygen
vacancies and water molecules in gases as follows.

Vo**+00""+H,0 — 20Ho* (1-6)

This means that protonic defects are incorporated to compensate the excess negative
change of M’** acceptor dopants on M*" sites. However, the proton migration in these
MPECs requires large activation energy owing to trapping by negatively charged
aliovalent dopants, and thus, these MPECs are normally operative at elevated temperature
(> 600°C).32:108109

As well as oxide materials, nitride or carbide materials (ex. HfN intermediate layer or
TiC,) have been reported to form hydrogen defects easily under hydrogen gas
atmosphere.!'*!1? Although hydrogen in metal oxides favors to form protonic defects, one
in metal nitrides tends to form hydride defects in accordance with the Fermi energy
levels.!® Van de Walle have extensively studied the behavior of hydrogen in metal

nitrides by theoretical calculations and vibrational spectroscopy, and found that hydrogen

13



acts as a proton (H") or hydride ion (H") in metal nitrides if the Fermi energy level is low
or high enough relative to e(+/-) threshold (4.4 eV), respectively.!'* Actually, hydride
ion is more attractive than proton for the ionic conduction due to the large polarizability;
the diameter of the hydride ion is 10° times larger than that of proton, so that hydride ion
is expected to migrate more easily than proton due to the large polarization. Accordingly,
hydride ion-electron mixed conductor could be alternative to the proton-electron mixed
conductor®? 78 9% 108.109.116-124 (Rio 1_4)  resulting in the third member of dense hydrogen
permeable membranes.

Based on the aforementioned model, group IV metal nitrides are expected to give rise to
hydridic defects under hydrogen gas atmosphere, because the Fermi energy level of
Group IV metal nitrides (ex. TiN, ZrN, HfN; around —4.2 eV vs. V. L.) is located above
the e(+/-) threshold, as shown in Fig. 1-5,!'*!15 Unfortunately, despite their potential, the
hydrogen diffusivity of the metal nitride systems has not been conducted extensively as
much as metal oxide systems. Hence, it is strongly motivated to investigate the hydrogen
defect formation behavior and its transport properties of metal Group IV metal nitride

systems in order to realize hydride ion-electron mixed conducting materials.

14
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maximum, the white bars indicate the position of the conduction-band minimum.'’

15



1-4 Contents of this thesis

This thesis consists of a total of six chapters.

In Chapter 1, the history and past studies of mixed ionic-electronic conductors are
overviewed and objectives in these studies are described.

In Chapter 2, in order to design a room-temperature oxide ion conductor based on the
electronic-ion correlation, oxide glass alloys including Ga(I) suboxides were fabricated
by RF cosputtering with Cr and Ga,Os targets. The resultant films show strongly-time
dependent switching attributed to the pronounced oxide ion conductivity at room
temperature.

In Chapter 3, nanocrystalline TiN. membranes were fabricated by RF reactive
sputtering. TiN, membranes exhibit excellent hydrogen permeability due to the fast
hydride ion-electron mixed conductivity. The hydrogen permeability is higher than that
of state-of-the-art Pd membranes at room temperature by several orders of magnitude,
and thus these findings lead new concept to develop Pd-alternative hydrogen membranes
that can be operative at room temperature.

In Chapter 4, the detailed hydride ion conduction mechanism in TiN; is established.
Their hydrogen fluxes increase with decreasing the nanocrystalline size, revealing that
the hydride ions diffuse through the grain boundary region without entering the bulk.

In Chapter 5, hydrogen permeability of the other group IV metal nitride, HfN. were
investigated. It has been demonstrated that nanocrystalline HfN, membranes have also
excellent hydrogen permeability as well as TiN, due to the interfacial mixed hydride ion

conductivity, confirming that the hydride diffusion pathway in HfN, is same as in TiN..

16



Combined with the results of TiN, (Chapter 3 and 4), a general guideline to develop Pd-
alternatives by transition metal nitrides is established; nanocrystalline metal nitrides with
relatively high Fermi energy can show the excellent hydrogen permeability due to
interfacial hydridic conduction.

Finally, all the results and achievements in this study are summarized in Chapter 6.

Chapter 1 : Background of mixed ionic-electronic conductors (MIECs)

Chapter 3, 4,5

Enhanced hydride ion conductivity of
nanocrystalline MN, (M=Ti, Hf} with high
Fermi energy level

40 Tre-o
e
O=0— )—o—

Chapter 2
Enhanced oxide ion conductivity
between (4s)? lone pair of Ga(l) and O

O—-—(o)—p— 'Qif@Hm,

Ga*

(4s)2 weaken columbic interaction H, +2e—2H"

Chapter 6 : Summary

Fig. 1-6 Schematic illustrations of contents in this thesis.
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Chapter 2

Development of resistive switching gallium oxide
thin film with tailoring gallium valence state and
oxygen deficiency

2-1 Introduction

As the potential next generation for nonvolatile memory, resistive random access
memory (RRAM) with a simple metal/oxide/metal sandwich structure has been studied
intensively during the past decades.!? In case of the well-established Pt/TiO2/Pt
memristor devices, the switching between high resistance state (HRS) and low resistance
state (LRS) is triggered by the modification of the tunnel barrier width between a top
electrode (TE) and the preformed conductive filament due to the ionic drift within a few
nanometer-thick space charge layer in vicinity of the interface with electrode within sub-
us time scale.>!!

Gallium oxide devices are considered as one of ideal candidates for RRAM because
of its intrinsic high resistance characteristic and extraordinarily sensitive conductivity to
the oxygen concentration.*?2° In a previous study, Aoki et al. found resistive switching
in highly-nonstoichiometric, amorphous gallium oxide thin films, a-GaOi11 was

originated from the bulk mixed oxide ion-electron conductivity.’®* The homogeneous

migration of oxygen vacancy donors modify the electronic carrier distribution across
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films and thus resistance states of film bulk varies by applied fields.*® Such a bulk-
conduction mechanism memristor could realize multilevel states of resistance and a large
on/off current ratio due to the continuous tunability of the internal state variable, and
therefore is expected to be a dynamical memristor system to emulate synaptic memory
behaviour.?!*? To develop feasible homogeneous resistive switching devices for future
neuromorphic application, it is beneficial to design amorphous gallium oxides with
enhanced ion conductivity. The oxide ion conductivity of a-GaOx must be related with
interstitial spaces and local Ga environments of the mixed valence state Ga(lll)-Ga(l)
amorphous oxide. Therefore, it is of fundamental and of technological importance to
develop the precise fabrication process with tailoring the oxygen deficiency, namely,
Ga(l) fractions in the oxide matrices in order to tune the resistive switching properties of
film devices.

Highly-nonstoichiometric amorphous GaOx thin films have been fabricated by pulse
laser deposition (PLD) with a Ga,0s target under low po2 conditions.*21%20 Unfortunately,
it is difficult to control the yields of Ga(l) suboxides by the method because Ga2Os is not
easily reduced under extremely low O pressure at elevated temperature.?® Lee et al.
reported the fabrication of oxygen deficient gallium oxide films by high temperature
vacuum annealing of Gap03/Cr/Ga,0s three-layer laminates.”® Gallium oxide is
efficiently reduced through the interdiffusion reaction because of relatively large negative
energy of Cr-O bonding (-1053 kJ mol™) in comparison to Ga-O bonding (-998.3 kJ mol-
1,24 Such a redox reaction must be useful to prepare the Ga(l)-Ga(lll) mixed valence
gallium oxide. Herein, we successfully fabricated Cr-doped gallium oxide films with a

controlled amount of Ga(l) and oxygen deficiency by depositing a homogeneous mixture
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of Ga(lll) oxide moieties and Cr(0) metal atoms. The chromium atoms scavenge the
oxygen atoms of Ga(lll) oxide moieties and thus Ga(l)-Ga(lll) mixed valence state
homogeneous amorphous oxide was prepared. The films with optimal amount of Ga(l)
fractions revealed remarkable bulk resistive switching with large on/off ratio according
to the efficient oxide ion conductivity, which enables incremental change of the bulk
resistance state by increasing bias duration or applied short pulse numbers. The switching
behavior was compared to the well-established TiOx thin film base filamentary

mechanism switching devices.

2-2 Experimental

A 20 nm-thick Pt deposited Si wafer (100) was used as a bottom electrode (BE).
Nonstoichiometric TiO. and Cr-doped GaOy thin films were deposited on a Pt BE by rf
sputtering at room temperature. TiOx thin films were deposited by using a Ti target
(purity: 99.9%) in a mixed argon and oxygen atmosphere (the ratio of Ar/O, was 5:1) at
a total pressure of 0.4 Pa at substrate temperature of 150°C. Cr-doped GaO, films (Cr-
GaO,) were deposited by cosputtering with Ga>O3 and Cr targets in pure argon
atmosphere at a pressure of 1 Pa. The sputtering power of Ga,O3; was fixed at 50 W and
that of Cr was adjusted at 30, 40, 60 and 70 W in order to change Ga/Cr molar ration in
the resultant film. The substrate was kept at ambient temperature. Circular metal top
electrodes (TE) with a diameter of 100-800 pum and a thickness of 50 nm were sputter-

deposited on the films through a metal shadow mask. The /-V characteristics of the
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devices were measured at room temperature using source-measure units (KEITHLEY
2601B). In all cases, Pt TE is firstly swept from 0 V to anodic region (+ 1 V), swept back
to cathodic region (-1 V) and returned to 0 V so as to complete one cycle of voltage sweep.

The voltage steps are fixed at 0.1 V (Fig. 2-1).

RF co-sputtering :
Pt
O,

Ar _OO % g & — Cr-dop::l Gao,
\olo o]

- — L

:|: —

Fig. 2-1 schematic illustration of (a) RF co-sputtering and (b) Cr-doped GaOy device.

The chemical composition of Cr-GaO, films was examined by wave-length dispersive
X-ray analysis (WDX) with a JEOL JXA-8530F. For WDX measurements, 800 nm-thick
films were deposited on the Pt/Si wafer by sputtering under the same atmospheric, rf
power and temperature conditions as those for the corresponding switching device films.
The cross-sectional transmission electron microscopy (TEM) and energy dispersive X-
ray fluorescent analysis (EDX) were carried out in a HITACHI HD-2000. The specimens
for TEM observation were prepared by a focused ion beam microfabrication (FIB;
HITACHI FB-2100). X-ray photoelectron spectroscopy (XPS) was carried out in JEOL
JPS-9010MC with Mg K« radiation. The depth profile was applied by in situ Ar' ion

sputtering. The curve fitting was carried out with Lorenz-Gaussian function.
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2-3 Results

Firstly, GaO; films are fabricated by sputtering a single Ga>O3 target. The resulting
films are transparent, indicating amount of oxygen deficiency in the film is quite small.
On the other hand, the uniform, dark-colored thin film can be obtained by cosputtering of
Cr and Ga0Os. The chemical composition of the films deposited with a Cr sputtering
power of 30, 40, 60 and 70 W is Ga0.96+0.02C10.04+0.0201.4+0.1, G20.91+0.04C10.09+0.0501.320.1,
Gag.82+0.2Cr0.18+0.0201.2+0.1 and Gao 78+0.06Cr0.22+0.0301.2+0.1 respectively, as determined by
WDX measurements (Table 2-1). These films are hereafter called as Ga96Cr4, Ga91Cr9,
Ga82Cr18 and Ga78Cr22, respectively, based on the average metal composition. Fig. 2-
2(a) shows cross-sectional TEM of Ga82Cr18 thin films. The densely-packed films (120
nm thickness) are uniformly formed over a wide area of a Pt/Si wafer substrate. Apparent
pinholes and clacks are not observed. STEM-EDX shows chromium is homogeneously
distributed throughout the film bulk (Fig. 2-2(c-d)) without segregation, indicating
homogeneous mixtures of chromium and gallium oxide are prepared by the cosputtering.
The Ga82Cr18 thin films show only a halo ring, indicating an amorphous phase (Fig. 2-
2(b)).

Fig. 2-3 shows Ga 3d and Cr 2p XPS spectra of 120 nm-thick Cr-GaOx thin films. In
all cases, Ga 3d peak is deconvoluted into two peaks; a peak at 20.7 eV due to the Ga(III)

state and a peak at 19.6 eV due to Ga(l) state (Fig. 2-3(a)).!*?>2° Ga(IlI)/Ga(I) molar
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ratios in Ga96Cr4, Ga91Cr9, Ga82Cr18 and Ga78Cr22 are 90/10, 77/23, 69/31 and 64/36,
respectively (Table 2-1). These values of the molar ratios are consistent with ones
calculated from chemical composition by accounting charge compensation between
cations (Ga®*, Ga” and Cr’") and anion (O?). On the other hand, Cr 2p XPS spectral
features are not changed by chemical composition (Fig. 2-3(b)). All films reveal apparent
spectral feature of Cr(Ill) with Cr 2pi2 and 2p3» peaks at 587.5 eV and 577 eV,
respectively?’ while the features of lower valence state Cr, such as Cr(0) (574.2 eV of
2p3)'¢ and Cr(I) (576.3 eV of 2p32)*® does not appear (Fig. 2-3(b)).

Ga 3d XPS spectra of Ga82Cr18 were also measured in the depth of about 50 nm
(middle) and 100 nm (near bottom edge) by Ar" ion milling (Fig. 2-3(c)). The spectra
show similar features at any depths (Fig. 2-3(c)), indicating Ga(l) states are
homogeneously distributed through film.

Guo et al. reported the switching properties of a-GaO; > thin film device are strongly
dependent on the electrode materials.!? Pt is used as a top electrode material in this study
in order to avoid oxidation of electrode by contacting with the oxide films.

Resistive switching behavior of Cr-GaOx films is strongly dependent on the
composition (Fig. 2-4). The Ga96Cr4 thin films give two orders of magnitude smaller
current than those of other composition and the hysteretic /- curves do not appear at any
sweep rates (Fig. 2-4(a)). The others, Ga91Cr9, Ga82Crl18 and Ga78Cr22, involves

resistive switching at a sweep rate of 1 and 0.01 V s™! (Fig. 2-4(b-d)), revealing a pinched
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hysteresis /-7 loop in counter eight-figure clockwised polarity when the voltage on TE
was swept in the way of 0—=+1—=0—-1—0 V in every composition (Fig. 2-4). A positive
voltage RESET the film from the low resistance state (LRS) to the high resistance state
(HRS), and with negative bias the film SET to the LRS, indicating bipolar resistive
switching behavior of the films. Electroforming process by applying high voltage is not
required to initiate the switching. These results are consistent with the previous studies of
a-GaOy ; thin film devices.!>?

The hysteretic shape of I-} curves is strongly dependent on the voltage sweep rate, see
e.g. Fig. 2-4(b-d). The films do not reveal hysteresis loops at fast sweep rate (100 V s)
but tend to reveal wider hysteretic loops at slower rate. The switching behavior is
stationary and is not decayed for a few 10’s voltage sweep cycles.

The Ga82Cr18 thin film is distinct from other composition films. The films reveal the
large hysteresis loop at a sweep rate of 1 and 0.01 V s and possess the highest HRS/LRS
resistance ratio (on/off ratio) which is about 20 at 0.7 V (Fig. 2-5(a)). The ratios decrease
to about 2 if Cr dopant concentrations, namely, Ga(I) fractions are decreased or increased
as Ga91Cr9 or Ga78Cr22, respectively.

The area dependence of current level in Ga82Cr18 film shows linear scaling (Fig. 2-
5(b)). This feature discloses that the resistance state of the film below TE is
homogeneously changed by responding to applied field or a number of conducting

filaments are uniformly distributed over the electrode area.
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In a separate experiment, Pt/TiO,/Pt thin film devices were fabricated by the similar
sputtering deposition processes as reported elsewhere.?>** Rutile-type TiO, thin films
with a 100-nm thickness was uniformly formed on Pt electrode, as confirmed by TEM
and ED patterns (Fig. 2-6(a)). The TiO, thin film prepared here reveal the similar
switching behavior as the filamentary mechanism switching TiOx devices reported
previously.>"!! I-V hysteretic shape is not varied by decreasing the voltage sweep rate (Fig.
2-6(b)) in the range of less than 100 V s!. The current level is independent on Pt TE area
(Fig. 2-5(b)). This is peculiar to the resistive switching triggered by variation of local
states such as formation and deformation of the conductive filament.

It is evident that resistive switching of Cr-GaOy is quite different from TiO,. The
strongly time-dependent switching events and area dependent current level is
incompatible with the filamentary mechanism as operating in TiO, devices. It is
concluded the resistive switching of Cr-GaO; films is driven by variation of bulk

states. !

The bulk switching mechanism suggests the film resistance can be incrementally
adjusted by tuning the duration and sequence of the applied bias.>* Unlike the devices
with abrupt switching characteristics where the programming bias control the final device
state,3*3* each programming pulse controls the relative change of the film resistance in
case of Cr-GaOy devices because donor concentration profiles across film can be varied
sequentially by the migration at each programing bias. Fig. 2-7 shows the resistance state

change of Ga82Cr18 films when a series of 70 identical negative (-0.95 V, 500 us) pulses
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was applied on the films, followed by a series of 70 identical positive voltage pulses (0.95
V, 500 pus). The large pulse bias (namely -0.95 V or 0.95 V) programs the resistance state
of the films and a small read bias of 0.1 VV measures a response current to represent the
resistance state. As expected from the DC characteristics of the device, the application of
negative voltage pulses (-0.95 V) incrementally decreases the film resistance, and the

application of positive voltage pulses (+0.95 V) incrementally increases the resistance.

Table 2-1 List of the sputtering power of Cr for Cr-Ga,0s3 cosputtering deposition and

composition and Ga(lll) /Ga(l) molar ratios of the corresponding Cr-GaOy thin films.

Rf power / W Name Composition# Ga(ll) /Ga()r  Ga(lll) /Ga(l)”
oW Ga78Cr22 Gag,78+0.06C10.22+0.0301.2+0.1 61/39 58/42
60 W Ga82Crl8 Gao 82+0.2C10.18+0.0201.2+0.1 69/31 67/33
40 W Ga91Cr9 Ga9.91+0.04C10.09+0.0501.320.1 77/23 85/15
30W Ga96Cr4 Ga0.96+0.02Cr0.04£0.0201.420.1 90/10 93/7

# determined by WDX. Y determined by XPS. V calculated by Eq. (2-3).
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Fig. 2-2 (a) Cross-section TEM image and (b) ED pattern of Ga82Cr18
thin films. Corresponding elemental EDX mapping of (c) Ga and (d) Cr.
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Fig. 2-3 (a) Ga 3d and (b) Cr 2p XPS spectra of 120 nm-thick thin films of (a1&b1)
Ga78Cr22, (a2&b2) Ga82Cr18, (a3&b3) Ga91Cr9 and (a4&b4) Ga96Cr4. (c) Ga 3d
XPS depth profile of 120 nm-thick Ga82Cr18 thin films. The spectra were stored at
the surface (c1) and at the points in 60 nm (c2) and 100 nm depth (c3). Red dots
are the observed and black lines the simulated.
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Fig. 2-4 |-V characteristics of Pt(TE)/Cr-GaO, film/Pt(BE) devices thickness during a
repeated voltage sweep cycle of 0 > +1 — -1 — 0 V at different voltage sweep rates.
(al)-(a3) Ga92Cr4, (b1)-(b3) Ga91Cr9, (c1)-(c3) Ga82Crl18 and (d1)-(d3) Ga78Cr22
thin films with 120 nm thickness. The sweep rate is 100 V s in (al), (b1), (c1) and
(d1), 1 Vstin (a2), (b2), (c2) and (d2) and 0.01 V st in (a3), (b3), (c3) and (d3). The
cycles are repeated 20 time in (c2) and 10 time in others. The numbered arrows
indicate the direction of the switching cycles (counter-figure-eight loops). 1st, 10th
and 20th curves are shown by blue, red and green, respectively. The curves of other
cycles are shown by black. The current levels in (al)-(a3) are multiplied by 30.
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Fig. 2-7 Current response transients of Ga82Crl8 thin films, measured by
applying 500 us programming bias (+0.95 or -0.95 V) and 100 ps read bias (+0.1
V). Red is the current measured at 0.1 V read pulse after programmed by a -0.95
V pulse and blue is the one after programmed by a 0.95 V pulse. The insets show

Pulse number

pulse patterns used for the measurements.
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Fig. 2-8 Schematic representation of bulk mechanism resistive switching in Cr-
GaO, thin film devices. (a) Positive bias and (b) negative bias on TE.
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2-4 Discussion

It is clear from the results of XPS and STEM-EDX measurements (Fig. 2-2 and Fig.
2-3) that co-sputtered Cr(0) metallic atoms scavenge oxygen from adjacent Ga(IlIl) oxide
moieties by the following redox reaction

2Cr(0) + 3Ga(I1l) — 2Cr(III) + 3Ga(I) (2-1)

The chemical composition of the resultant film can be given by

(1-x)Ga'0; 5 + xCr’ 5 (Ga';yGaly)1.Cr' O 5(1-) (2-2)
Then the charge balance yields:

y=1.5x (1-x)! (2-3)
The reaction (2-3) clarify the amount of oxygen deficiency (1.5x) is related to Ga(l)
fraction (). The molar fractions of Ga(I) of the films prepared here are in agreement with
the values calculated by reaction (2-3) (Table 2-1). It is apparent that oxygen deficiency
is involved by the reaction (2-2) during cosputtering.

The switching performance of Cr-GaO, thin films is drastically changed by Ga(I)
fractions (Fig. 2-4). The schematic model of bulk mechanism switching of gallium oxide
base thin films is shown in Fig. 2-8. The positive bias on small area TE accumulates
negatively-charged oxide ions in vicinity of TE blocking electrode by extinguishing
electron carriers so as to form highly-resistive, oxygen-rich layer near TE as follows (Fig.

2-8(2)).
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Ga(l)Oos + 2 + O S Ga(ll)Oys (2-4)
The opposite bias can enrich the electron carriers in the layer again by driving oxide ions
towards large area BE (Fig. 2-8(b)). At fast voltage sweep rate, the resistance ratio
between HRS and LRS, namely the hysteretic width of 1-V loop tends to be small because
the shift of oxygen vacancy donor distribution cannot be largely changed due to the
relatively short bias duration. However, the hysteresis becomes wider at slower sweep
rate due to the large shift in donor distribution by longer bias duration.

Based on the mechanism, the poor resistive switching performance of low Ga(I)
fraction films, such as Ga96Cr4, can be related to the poor oxide ion conductivity because
the low oxygen deficiency may not afford sufficient space for the pathway of oxide ion
migration. The Cr(lll) contents is not beneficial for the oxide ion conduction, since the
dissociation of Cr-O bonding require relatively large energy. This might be one of the
reasons for the deteriorated switching performance of the high chromium content films,
Ga78Cr22 (Fig. 2-4(d)). The current results suggest that the optimal molar fraction of
Cr/Ga is nearly 18/82 in the relation to fast oxide ion conduction in highly oxygen
deficient glass matrices.

The resistive switching performance of 120 nm-thick Ga82Cr18 thin films is superior
to that of the GaOx films (x = 1.1-1.2) given by PLD in previous studies.'?*® The former
exhibits the on/off ratio of 20 at 0.7 V, however, the ratios of the later is about 2 at the

same voltage. These results reveal the oxide glass network of the cosputtered Ga82Cr18

44



films retain the efficient oxide ion conductivity as much as the PLD films. The Ga82Cr18
film exhibits remarkable multiple resistance states as responding to short pulse biasing
(Fig. 2-7), indicating that the significant shift of oxygen vacancy donors for resistance

change can be induced by the bias duration of 100°s ps.

The oxide ion mobility in M-doped GaOx thin films may be largely varied by choice of
dopant cations as is the case with various ceramic oxide ion conductors.®3 Except for
chromium, various metals such as Mg, Ti, Al etc. are potential candidates as oxygen
scavenging dopant of Ga»Oz from the view point of M-O bond formation energy.
Recently, Chang et al. reported oxygen-deficient, amorphous WOy thin film also shows
multiple resistive switching probably due to oxide ion conduction.®”® This suggests that
not only the gallium oxide but also other nonstoichiometric metal oxide systems can be
considered as a possible candidate of bulk oxide ion conducting thin films. Most of metals
and binary metal oxides can be used as a target material of rf sputtering techniques. It is
concluded that the cosputtering with a pair of resistive switching oxides and oxygen
scavenging metal dopant affords a strong tool to tune the oxide ion conductivity of the

highly-nonstoichiometric, resistive switching metal oxide thin films.
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2-5 Conclusion

In summary, the fabrication method of Cr-doped gallium oxide thin films with tailored
gallium valence state and oxygen deficiencies has been established, based on the reactive
cosputtering with Ga;O3 and Cr targets. The Ga(I)-Ga(Ill) mixed valence state
homogeneous oxide glass can be formed from a homogeneous mixture of Cr(0) metal
atoms and Ga(III) oxides moieties deposited by cosputtering, because Cr(0) scavenges
oxygen of Ga(Ill) oxide due to the relatively large negative energy of Cr-O bonding in
comparison to Ga-O bonding. The Ga82Cr18 thin film with optimal Ga(I) contents can
reveal remarkable homogeneous resistance switching due to the efficient bulk oxide ion
conduction. The on/off ratio of the film is similar to that of the highly-nonstoichiometric
GaOq; thin films prepared by PLD. The film clearly involves multiple resistance state
switching where the final device state is determined by bias history, since the oxygen
vacancy donor profiles can be incrementally modified by bias duration or number of the
applied short pulse biasing. The current results open up a new way to design the bulk

mechanism resistive switching metal oxide thin films with tailored oxide ion conductivity.
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Chapter 3

Hydrogen separation by nanocrystalline titanium
nitride membranes with high hydride ion
conductivity

3-1 Introduction

The use of clean energy that does not use fossil fuels is required under the regulatory
efforts to release CO2 gas (global warming gas) that began in the 1990°s.! The increasing
demand for “clean” and efficient energy has resulted in an increased global willingness
to embrace the proposed “hydrogen economy” as a potential long term solution to the
growing energy crisis. Advent of hydrogen economy, however, cannot be realized until
technical issues related to hydrogen production, separation and a storage infrastructure
must be clear. Since hydrogen is normally produced by steam reforming of methane gases
or water electrolysis by a use of renewable energy sources, contaminations such as CO,
CO; and O, gases are remained.>® Meanwhile, polymer electrolyte fuel cells, which is
one of major application for hydrogen fuels, require an ultrapure grade (99.995%) and
can only tolerate contaminants of ppm orders within hydrogen streams due to poisoning
of Pt catalysts.* While physical processes such as pressure swing adsorption (PSA) and
fractional/cryogenic distillation systems are in commercial operation, they are generally

not cost effective and are quite energetically demanding for the separation and
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purification of H2.>® In addition, neither of these methods provides sufficient purity for
the targeted applications. Alternatively, membrane separation, is currently considered to
be the most promising because of low energy consumption, possibility for continuous
operation, its ease of operation, and ultimately cost effectiveness.

Nowadays, palladium and its silver alloys are extensively used for hydrogen separation
membranes due to the outstanding permeability combining high solubility of hydrogen
and excellent tolerance to hydrogen embrittlement.”® Because of the natural resource
scarcity of Pd metals, however, for sustainability, the development of non-Pd-containing
alternatives has spurred considerable interest in both academia and industry. Although
Nickel and groups 111-V metallic elements have the ability to dissociate and dissolve
hydrogen, they suffer serious hydrogen embrttlement,®!° because hydrogen dissolution in
the metal matrix aids its deformation,'*'? with the corresponding embrittlement
progressing with increasing hydrogen solubility. Hence, materials scientists are
challenged with finding new strategies for designing hydrogen separation membranes that
do not rely on hydrogen solubility in the metal matrix.t31’

Mixed proton-electron conductors (MPECs) are viable alternatives to dense separation
membranes,!>?° featuring ambipolar diffusion of H" and ¢ and thus achieving hydrogen
transport driven by chemical potential gradients.?! Perovskite-type proton-conducting
ceramics of the type BaM-:M’03_s (M = Ce, Zr; M’ =Y, Yb, etc.) are one example of
MPECs; however, they are normally utilised at elevated temperatures (T > 600°C),15718
since the abovementioned migration features high activation energies (5060 kJ mol ™)

22-24

due to trapping by negatively charged aliovalent dopants or defect-induced structure

distortion.®
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Herein, pronounced hydride ion-electron conductivity of nanocrystalline titanium
nitride (TiNx) were reported, attributed to interfacially controlled diffusion aided by
hydridic Ti—H terminal groups on the hydrogenated grain surface. Such materials allow
much faster hydrogen permeation than that observed for Pd metal at close-to-ambient

temperatures.

3-2 Experimental

3-2-1 Hydrogen permeability tests
(a) Preparation of aluminum porous support

For hydrogen permeability testing, TiN. membranes were fabricated on a porous
alumina support prepared using a previously described method.?®?” In brief, a-ALO;
powder (BAIKALOX 1.0R) was uniaxially pressed at 20 MPa and sintered in air at
1200°C for 12 h to afford macroporous a-Al>Os pellets (diameter = 12 mm, thickness =
1.0 mm) with 40% porosity?® (Fig 3-1). Thus, the obtained pellets were coated with a
mesoporous Y-AlbO3z layer using sol-gel spin coating. 8.4 g of Aluminium-tri-sec-
butoxide was dissolved in hot water (50 mL) at 90°C to obtain a white sol. After vigorous
stirring for 20 min and addition of hot water, the reaction mixture was treated with 0.1 M
HNO; (1 mL) to obtain a 1 M boehmite (y-AlIOOH) clear sol. Polyvinyl alcohol (PVA)
solutions were prepared by dispersing PVA (1.05 g; PolyScience, My, = 78000) in boiling
water (50 mL) under vigorous stirring. A viscous boehmite precursor sol (0.6 M) was

prepared by pouring the above PVA solution (20 mL) into the 1 M boehmite sol (30 mL)
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(Fig. 3-2). A 1.2-um mesoporous y-AlbOs3 layer was deposited by spin casting the
precursor sol on sintered a-Al,O3 at 3000 rpm for 20 s, drying for 3 h at room temperature,

and 3-h annealing at 700°C in air at a rump rate of 1.5°C min™! ?’(Fig. 3-3).

Mixing of a-Al,O, powder and
forming aid

Press (20.0 MPa, 1 min) E?

]

Sintering (1.5°C/min, 400°C, 2 hours)
(3.3°C/min, 1200°C, 12 h)

—

macro-porous oa-Al,0;

Fig. 3-1 Preparation procedure of macroporous a-Al,03 sintered disk.
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H20 50 mL (90°C) H,0 30 mL

vigorously stirring
Al[C2H2CH(CH2)O]2 R
> 15 min
8.629 ! PVA1.059g
3 q
HNO, 1 cm > . L -
3 vigorous stirring in boiling
A\ water (50 mL)
l reflux (100°C, 16 h)
Boehmite sol PVA
1 mol dm-335 mL 35mg cm= 50 mL
30 cm® 20cm®
\4

0.6 M Boehmite precursor sol
50 mL

Fig. 3-2 Preparation procedure of Boehmite precursor sol

meso-porous y-Al,O4

Spin coat )
(1000 rpm, 20 s) %:\o Annealing
0 (1.5°C min', 700°C, 3 h)

% >
< = Aluminum porous
macro-porous -

a-AlLO, support

Fig. 3-3 Spin-coating of mesoporous y-Al>03 layer on a-Al>O3 disk.
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(b) RF sputtering deposition of TiNx membranes

TiNx membranes (x = 0.7 - 1.0) were deposited by reactive sputtering on a two-inch-
diameter Ti (99.99% purity) disk at a base pressure of less than 2 x 10~ Pa, performed in
an ultrahigh vacuum chamber system (ULVAC S-3000). Typically, TiNx films were
deposited in an Ar/N2 atmosphere at a total pressure of 0.9 Pa, substrate temperature of
500 and 200°C, and a sputtering power of 195 W. The Ar/N2 gas flow ratio was controlled
by a mass flow controller, with the total gas flow rate (Ar + N) fixed at 20 sccm (Fig. 3-
4).

€Y . . (b)
RF reactive sputtering

e

N, o) substrate

= LY
Sl |

-

Fig. 3-4 (a) Schematic view of TiNy film deposition by RF reactive sputtering. (b) Picture
of RF sputtering apparatus (MB06-1049-0). (c) Optical images of TiNo7 and TiNio
deposited on Al,O3 support.
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(c) Hydrogen permeation tests of TiNx membranes

Hydrogen permeabilities of TiN, membranes were determined using an in-house-made
gas-tight chamber equipped with a gas chromatograph (Variant Micro GC-4000). H> and
N> gases were detected by a thermal conductivity detector using Ar and He as reference
gases, respectively. A TiN: membrane sample was immobilised in a specially designed
sample holder using carbon sheet gaskets and placed in an electrical furnace with
controlled temperature. Pure Ar gas was supplied to the porous support side at 25 scem,
and Ho/N»> mixtures (typically 1:1) were supplied to the membrane side at 100 sccm, with
all flows regulated by mass flow controllers (Fig. 3-5 and Table 3-1).

The H> and N> concentrations in the out gas were analyzed by a micro gas
chromatography (micro-GC Varian 400) for hydrogen permeation tests of the TiNx
membranes. The micro GC was equipped with two thermal conductivity detector (TCD)
where one is used for the analysis of H> and He gas with a flow of an Ar reference gas
and the other is used for N> with a flow of a N, reference gas. The micro GC was
calibrated by using 10, 1 and 0.01% standard gases of H>, N> and He gases balanced by
Ar or He base gases. Hence concentrations of H> and N> gases can be determined by
extrapolated to the calibration curve. The permeation tests were carried out by a
homemade gas permeation system (Fig. 3-5). Normally, a 1:1 mixed gas of Hz/Nz or
He/N> was supplied to the surface side of a TiN, membrane at 100 sccm and a pure Ar
was supplied to the porous support side at 25 sccm. The permeation gases across the
membranes were carried with the Ar flow into micro GC and the concentrations were
determined.

The hydrogen fluxes Ju» are determined from the H> concentrations in the permeation
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gas as follows,

CH] Ar
CAr

Juz =

(3-1)
where CH and Car are the concentration of Hz and Ar in the out gases and Jar is the Ar
flow (25 sccm) supplied to the alumina support side (Fig. 3-5(b)). The fluxes of N2 and

He were also determined by the same way.
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Fig. 3-5 Apparatus for hydrogen permeation measurements. (a) The sample holder to
seal the TiN, membrane devices. (b) Schematic illustration of a home-made chamber

system equipped with GC.
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Table 3-1 The concentrations of H,, N2 and Ar gases in the out gases of TiNx (x = 0.7-1.0)
membranes at 25°C, measured by GC during the permeation tests with supplying an

50%-H,/N> gas at an entrance side.

Samples Concentrations / %
H» N> Ar
TiNo.7 1.80 0.0906 98.1
TiNo. 1.14 0.0945 98.8
TiN1.o 0.373 0.0945 99.5

(d) Method to determine the pu2 at TiNx/support interface

When hydrogen permeates through TiN,/Al,O3 support structure, the resulting pressure
profiles depend on the properties of each layer. At steady state, the hydrogen flux of TiNy
membrane, Ji is equivalent to one of Al,O; support, J> (Fig. 3-6). Here, the hydrogen
partial pressure at entrance and exit sides are defined as pu>” and pu2 ", respectively, as
shown in Fig. 3-6(a). pu2” and pu2 ™ are known, so that the pressures pu> ” at interface
between TiN, and porous alumina can be determined with the flux calibration curve of
porous supports by the following way.

The flux J. through the Al,Os support is given by Eq. (3-2) %/,

(3-2)
where Fy is the hydrogen flow and A is the surface area. The hydrogen permeance of

ALOjs support, g2, has been given by Eq. (3-3),%
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r + 1244
_ _ J2 __—q+ B x (Pu2 Puz’")
(Pu2" — Pu2"") 2

(%)
(3-3)
where (pu2 "+ pu2"”)/2 gives an ‘average’ pressure of Al,Osz support. Accordingly, the
plots of @2 vs. (pr2 "+ pr2 "’)/2 must show a linear relationship.
Fig. 3-6(b) is the calibration curve of our Al,Os support, indicating clear linear
relationship between @2 and (pu2 "+ pm2”)/2. Accordingly, pu2” can be determined by
reading the average pressure corresponding to the flux J> from the calibration curve.

Hence, pr2 ” is determined by

, —a+ \/az + 2aBpu"" + Bpu2'"? + 2B);
P2 = B

(3-4)

The hydrogen permeances, Pn, were determined from Ju2 by the following.

P = Jn2 (pr2’-pu2”’) (3-5)
(a) (b)
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mﬂ_ “
e 3
Jy Iz o A
> s 2r —
£ A
o 1 A .
&
TiN, Pz o . 1 . 1 . 1
0 20 40 60

(" +Py2™ )12 (10" Pa )

Fig. 3-6 (a) Schematic representation of hydrogen chemical potential gradients across

27

TiN /porous-Al,O,-support membrane devices. (b) @, vs (p,,,”+p,,"”’)/2 calibration curve

of porous alumina support.
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3-2-2 Characterization techniques
(a) Material characterization

Phase purities were determined by X-ray diffraction (XRD; RIGAKU RINT2200)
under these conditions; Cu Ka radiation, in the 26 range of 20 to 80 degree with a
monochromator under the conditions; Cu Ko radiation, 40 kV, 20 mA. For XRD
measurements, a Si wafer spin-coated with mesoporous y-Al,Os-layer (100 nm thickness)
was used as an alternative substrate to y-AloO3/a-Al>O3 bilayer porous supports used for
permeation tests, because most of XRD patterns of TiN, were overlapped with those of
a-Al203 and influence of crystallographic orientation of Si wafer should be precluded.
The spin-coating of y-Al,O3; were conducted by the similar methods as mentioned above
with a 0.1 M boehmite sol.

Chemical compositions were examined by wavelength-dispersive X-ray analysis
(WDX; JEOL JXA-8530F). The above measurements were performed for 0.5-1.0-um-
thick TiN films deposited on a Si wafer.

Rutherford backscattering spectrometry (RBS) was carried out utilising 600-nm-thick
films deposited on glassy carbon using a 2.0-MeV He" beam (Tohoku University). To
preclude the increase of background signal by using heavy elements for substrates, the
films for RBS measurements were deposited on glassy carbon plates. The obtained
spectra were fitted using the RUMP software package.?’

The morphologies of TiN, membranes prepared on porous alumina supports were
characterised by transmission electron microscopy (TEM; JEOL JFM-ARM-200F), with
the corresponding specimens prepared by focused ion beam microfabrication (FIB;

HITACHI FB-2100).
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Field emission scanning electron microscopy (FE-SEM) imaging was carried out using
a JEOL JSM-6500F instrument.

Fourier transform infrared (FT-IR) spectroscopy was conducted for 600-nm-thick TiNx
films on porous alumina supports utilising a JASCO FT/IR-350 spectrometer. In situ
measurements were performed in a gas-sealed optical cell with an antireflective glass
window under controlled atmospheric and thermal conditions.

H, D and O impurity profiles were measured by time-of-flight secondary ion mass
spectroscopy (ToF-SIMS; Ulvac-PHI ADEPT1010), equipped with a Cs* ion gun for first
ion beam. The measurements were conducted in dynamic mode with irradiating 5 keV
Cs" ion at a beam current of 100 nA on analysis area of 100 um x 100 um by a cycle of
20 us. For the calibration of D and O species, deuterium and oxygen ion-implanted TiNx
films (1 um thickness) fabricated on a Si wafer was used as a standard sample, which was
prepared by MST Foundation, Japan. Calibration of H species was prepared from D signal
intensity by using isotope sensitivity factor.

Magic-angle-spinning nuclear magnetic resonance (MAS-NMR) spectroscopy was
performed using a JEOL JNM-ECAII spectrometer. The measurements were operated
at a resonance frequency of 598.97 MHz equipped with a magic angle spinning probe
with a diameter of 3.2 mm. The MAS frequency was 10 kHz. For each sample, spectra
were acquired with two kind of pulse sequence, single pulse with 30 deg pulse with a
length of 1.5 ps, and DEPTH background suppression pulse sequence with 90 deg pulse.
The measured frequency range was 10 kHz. Repetition times were 5 s for single pulse
experiments, and 8 s for DEPTH experiments. The numbers of scans were 318 for single

pulse experiments and 256 for DEPTH experiments. Chemical shifts were externally
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referenced to tetramethylsilane (TMS). For NMR measurements, 2.5 pm-thick TiN, films
were deposited on a Si wafer modified with a 100-nm-thick y-Al>O3 buffer layer and then
were detached from the wafer by scratching with sacrificing the y-AlbOs3 layer. The
powder specimens thus obtained were filled into a sample tube under H, atmosphere.
Amount of the hydrogen absorbed are measured with a home-made gas flow chamber
system equipped with a 5 MHz quartz crystal microbalance (QCM) device (USI System)
at 25°C. AT-cur quartz crystal resonator (1.0 cm@) have an Au film electrode (1.32 cm?).
The TiN, films are deposited directly on the Au film electrode through a shadow mask at
200°C by the similar methods as mentioned above. The amount absorbed are determined
by the shift of the resonance frequency as switched from pure Ar to 50%-H/Ar gases at

25°C.

(b) Density-functional theory (DFT) calculations

The electronic states and energies of hydrogen adatoms on TiN (100) surfaces were
characterized by first-principle calculation. The calculations were based on the spin-
polarized density-functional theory (DFT) with Heyd-Scuseria-Ernzerhof (HSE06)
hybrid functions*® or the generalized gradient approximation (GGA) using Perdew-Wang
91 (PW91) exchange-correlation functions,® which are implemented in the plane-wave
and projector augmented wave method, the Vienna Ab-initio Simulation Package
(VASP).32%7 The supercells were consists of 2x2x2 TiN unit cells (~ 64 atoms) with
neutrally charged defects. Cutoff energy for the plane-wave basis was set to 600 eV. AT-
centered 3x3x3 Monkhorst-Pack special k-point grid*® for the first Brillouin zone using

Gaussian smearing model of 6=0.05 eV was used. Atomic positions were optimized until
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the forces on each atom were smaller than 0.02 eV/A.

The defect-formation energies (AEder) for N or H defects in rock salt type TiN phases
were calculated by DFT with Heyd-Scuseria-Ernzerhof (HSE06) hybrid functions.*° The
AEger can be defined as the change in total energy according to the incorporation of a
defect into a supercell 3940 AEqs for H defects in TiN1_s supercells can be expressed by

AEger = E**[TiNy_sH] — E**[TiNy_5] — 1/2p45 (3-6)
where E"[supercell] represents the total energy of each supercell. The chemical potential
of H denoted by un is derived from hydrogen enthalpy.*® AEges is calculated for
stoichiometric TiN phase with one H interstitials, Hi: TiN(Hi)i32 (Ti32N32H) and N-
deficient TiNo.7s with one H on N vacancy, Hn: TiNo.7s(Hn)1/32 (Ti32N24H). The calculated
equilibrium lattice parameters of TiN, TiN(H;)1/32, TiNo.7s and TiNo.7s(H~)1/32 are 4.215,
4.222,4.197 and 4.199 A, respectively.

For TiN(Hi)1/32, three type of H interstices are considered; i) ***H: tetrahedral site of fcc
Ti sublattice, ii) ""NHi: center of the closest Ti—N bond and iii) ™ "'Hi: center of the closest
Ti—Ti bond (Fig.3-24). AEqes for all interstitial defect models, however, fall into large
positive values (> 2 eV) even after lattice relaxation, and so the formation of the H
interstitials is not favorable for TiN,. On the other hand, AEgef for hydrogen defects on N
vacancy sites, Hy, is converged to negative value (-0.75 eV) (Fig.3-24). Fig.3-24(b) and
(c) show partial density of states (p-DOS) for TiNo.75 and TiNo.75(Hn)1/32.

The adsorption energies (4Eaq) were calculated by DFT using Perdew-Wang 91
(PW91) exchange-correlation functions.* The calculations were performed for the
adsorption of hydrogen monoatoms, Hag, onto (100) surface of rock salt TiN. The AEaq is

defined by
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AEqq = E™YTiN(Hoa)] — EPH[TIN] = 1/21y,  (3-7)
A slab containing five (100) layers with frozen two bottom layers was considered as a
surface model to study adsorption of hydrogen on (100) surface. The 1 x 1 unit cell
surface was chosen in a way that Hag in next cell are separated by 4.22 A. These slabs
include 10 Ti atoms and 10 N atoms. A vacuum size of 20 A is used to keep the slabs

from interacting each other.

3-3 Results and Discussion

3-3-1 Fabrication of TiNx membranes

First, with the aim of fabricating TiN, films with tailored nitrogen content (x), a broad
survey of deposition conditions for reactive sputtering of a pure Ti target were performed
by changing the Ar and N> mixing ratio in the process gas (at 0.9 Pa pressure). The
substrate temperature was typically set at 500°C. Single-phase NaCl-type TiN, films were
obtained with 0.7 < x < 1.0, as confirmed by X-ray diffraction (XRD; Fig. 3-7),
wavelength-dispersive X-ray spectroscopy (WDX; Fig. 3-8) and Rutherford back
scattering (RBS; Fig. 3-9) analyses. All films contain small amounts of oxygen impurities
(O/Ti < 0.04) (Table 3-2). Consequently, stoichiometric (TiN1.0200.02), slightly N-
deficient (TiNo.95O0.04) and highly N-deficient (TiNo.7400.04) films were prepared with
100%, 10% and 2.5%-N»/Ar process gases, respectively. These films were subjected to
further investigations, and for brevity are denoted by TiNj o, TiNo.9 and TiNo_7.

Hydrogen-permeable membranes were fabricated by depositing dense 600 nm-thick
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TiNyx layers on porous alumina supports modified by a 1-um-thick mesoporous y-Al,O3
top layer.2%?” As a result, columnar TiN, layers are uniformly formed over a wide y-ALLO;3
area (Fig. 3-10(a-b)) with no significant oxidation observed at the TiN,/Al>O3 interface
(Fig. 3-10(c)). Each column comprises rectangular nanograins with an average size (dav)
of a few tens of nanometers (Fig. 3-10(d-e) and Fig. 3-11), with similar microstructural

features reported elsewhere for sputter-deposited TiNj films.*!

3-3-2 Hydrogen permeability

To determine hydrogen permeability and selectivity, 50 vol%-H2/N2 mixtures were
supplied to the surface side of the membranes, and the exit gases from the support side
were analysed (for details, see 3-2-1(c)). It is noted that the diffusion of hydrogen and
nitrogen through the pores of the bare alumina supports resulted in temperature-
independent permeation fluxes (Juz and Jne, respectively) of 1-3 x 10 mol cm~2 s (Fig.
3-12).

Surprisingly, TiNx membranes exhibit a pronounced hydrogen permeability in a wide
temperature range above 25°C. For all x, Ju2 increases considerably with temperature,
reaching values above 7 x 107 mol cm™ s at 500°C, whereas Jx2 is temperature
independent and ca. 2 x 1078 mol cm= s%. Hence, Ji is at least 30 times higher than Jnz
at 500°C. The non-zero value of Jn2 observed for TiNy is evidently due to a small leak in
the seal, the value being identical to the Jn2 measured for a thick stainless plate as a
dummy specimen (Fig. 3-12(a)). The flux of helium through TiNo.7 roughly equals that
of nitrogen, despite of the fact that He molecules are smaller than those of H> (see Jne in

Fig. 3-12(a)), strongly suggesting that hydrogen transport in TiN, membranes does not
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rely on pore diffusion through the pinholes or cracks.

In N-deficient films (x = 0.7 and 0.9), Ju> shows an Arrhenius-type linear temperature
dependence at 7> 250°C, which becomes, however, much less pronounced at 7'< 200°C
(Fig. 3-12(a)). The corresponding activation energies (Ea.) of hydrogen permeation
through TiNo 7 and TiNgo at 7> 250°C are determined as 5.8 and 6.3 kJ mol ™!, respectively
(Table 3-3). Although the hydrogen permeation flux of TiN| ¢ is several times smaller than
those of N-deficient samples (x = 0.7 and 0.9) at T < 100°C, the gap between these values
decreases at 7> 300°C because of the relatively large E, (12 kJ mol™) of TiN 0. In fact,
these E, values of TiN, systems are much smaller than that of hydrogen diffusion in Pd
metal (26 kJ mol™).® Thus, Juz value of 600 nm-thick TiNo7 is at least two orders of
magnitude higher than that of a Pd membrane with a technologically limited thickness of
5 um at 25°C (Fig. 3-12(b)). Morphological changes are not evident in the membranes
after the hydrogen permeation tests in the temperature range of 25-500°C (Fig. 3-13).

The hydrogen permeability of TiNxy membranes increases monotonically with
decreasing membrane thickness (L), indicating that the overall permeability is controlled
by hydrogen diffusivity rather than by surface kinetics (Fig. 3-12(b)). Importantly, the
200-nm-thick TiNo7 membrane achieves a Juz value of 1 x 10® mol cm2 st at 25°C,
being as high as that observed for mesopore diffusion through the alumina support.

For mass transfer based on thermally-activated jumps of hydrogen atoms or ions, the
ratio between hydrogen and deuterium fluxes, Ju2/Jp2, should be close to Mp/NMy ~ 1.4
due to the M %°-dependency of the jump rate.*> Fig. 3-15 shows the relaxation of the
permeation flux observed upon switching the supplied gases between H> and D; at a fixed

temperature. The above fluxes abruptly decrease upon switching from Hz to D>, followed
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by equilibration to an overall decrease of 24%, and subsequently quickly recovering to
the original level upon switching back to H.. Thus, the observed Jx2/Jp> ratios exceed 1.3
at temperatures above 25°C, with similar behaviour observed for TiN1 o films. Therefore,
hydrogen diffusion in TiN, is attributed to thermally-assisted mass jumps.

The hydrogen permeability of TiNx membranes is significantly improved by reducing
the grain size (Fig. 3-14). TiNx membranes (x = 0.7 and 1.0) comprising smaller grains
could be successfully fabricated by lowering the deposition temperature from 500 to
200°C and adjusting process gas composition. dav of TiNo.7 films deposited at 500 and
200°C were found to be 23 and 14 nm, respectively, as confirmed by XRD analysis of
(111) peaks (with the Scherrer equation (Fig. 3-7)) and by TEM imaging (Fig. 3-10(d-e)
and Fig. 3-11). Decreasing day from 23 to 14 nm increased J+. by a factor of 1.4 at all
temperatures (Fig. 3-14), with this factor being roughly equivalent to the inversed ratio
of the dav Which is (14 nm/23 nm)1~1.6. Similarly, the ratio of Ju2 values obtained for
TiNyo deposited at 200°C (dav = 12 nm, calculated based on the (200) peak) and 500°C
(dav = 22 nm) is approximately equal to 1.7-2.5, which is in agreement with the inversed
dav ratio, (12 nm/22 nm)*~1.8. According to the brick layer model,** the grain-
boundary volumes of nanocrystalline materials are proportional to their volumetric
surface areas, which are correlated with day*. The linear scalability of Juz vs dav* thus

provides clear evidence of interfacially controlled diffusion.
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Fig. 3-7 XRD patterns of TiN, films. (a), (b) TiN, films deposited on a Si wafer (100) by
RF sputtering in reactive gases with various N, concentrations. Chamber pressure and
substrate temperature were fixed at 0.9 Pa and 500°C, respectively. (c) 600 nm-thick
TiN, (x = 0.7 and 1.0) films deposited on a Si wafer modified by y-Al,O; mesoporous
layer (100 nm thickness). Sputtering was performed at 200 and 500°C.
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Fig. 3-8 Nitrogen stoichiometry of sputter-deposited TiN, thin films as
a function of N, concentrations in reactive sputtering gases. x is

determined by WDX.
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Fig. 3-9 RBS depth profiles of TiN,; and TiN, 4 films prepared on glassy carbon substrates.
The film thickness is 600 nm. Black lines are the observed and red dots the simulated.
The film deposited in (a) 2.5%- and (b) 10%-N, gases have homogeneous matrices, and
the corresponding chemical composition is (a) TiNg-,00035 (TiNg5) and (b) TiNg 950 42
(TiNy 4), respectively. The N/Ti ratios are in agreement with the WDX analysis (see Table
3-1 and Fig. 3-8). The surfaces of both films are oxidized by air, forming 10 nm-thick

outerlayer with composition of TiNyg,04,0 for 2.5%-N, and TiNg¢O,,5 for 10%-N,,
respectively.
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Fig. 3-10 Electron microscopy images showing nanocrystalline, dense TiN, membranes
formed over the porous alumina support. (a) Cross-sectional TEM image of a composite
membrane comprising sputter-deposited TiN,, (top layer, 600 nm), sol-gel-derived
mesoporous y-Al,O; (middle layer, 1 um), and macroporous a-Al,O; (support). (b) Cross-
sectional SEM image illustrating the columnar morphology of TiN,, membranes. (c)
Cross-sectional TEM image of an area close to the TiN,,/y-Al,O; interface. (d), (e) High-
resolution TEM image revealing the nanogranular morphology of TiN,;, membranes
deposited at (d) 500°C and (e) 200°C.
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() (b)

Fig. 3-11 Cross-section TEM images showing nanogranular morphology.
(a)TiNy g and (b) TiN, ,.
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Fig. 3-12 Hydrogen permeability of TiN, membranes at temperatures between ambient and
500°C. (a) Arrhenius plots of hydrogen (J,,,, open symbols) and nitrogen (J,, dashed lines)
fluxes through 600-nm-thick TiN,, TiNyg, and TiN;, membranes for 50 vol% H,/N,
mixtures supplied at 100 sccm. J,, and J,, of the bare porous alumina support were also
measured under identical conditions, along with the helium flux (J,.) through TiN,, for a
50 vol% H,/He mixture. To calibrate the contribution of background gas leakage from the
sample holder, J,,, and J, were measured for a 0.3-mme-thick stainless plate. (b) J,;, of TiNg ;
membranes of various thicknesses, with Jy, of a 200-nm membrane indicated by blue
dashed line. The flux of hydrogen through 5-um-thick Pd foil at AP = 50 kPa was calculated
using tabulated permeability values.?
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Fig. 3-13 Cross-sectional TEM images of TiN,, samples (a) before and (b)
after hydrogen permeation test.
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Fig. 3-14 Enhanced hydrogen permeability of nanocrystalline TiN,
membranes with reducing grain sizes. Arrhenius plots of hydrogen flux (J,;,)
of 600 nm-thick TiN,; and TiN, , films prepared at 500 and 200°C. Average
grain size (d,,) of the films prepared at 500 and 200°C is 23 and 14 nm,
respectively, for TiN, ; and is 22 and 12 nm, respectively, for TiN, ,.
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3-3-3 Hydrogen solubility in TiNx

To verify the presence of hydrogen in the TiNx membranes, secondary ion mass
spectrometry (SIMS) depth profiling was carried out for TiNo 7 films hydrogenated in Ha
or D, at 500°C (Fig. 3-16). The analysis revealed flat distributions of H, D and O
impurities. Moreover, exposure of pristine films to hydrogen increases their H content
from 2 x 102! to 4 x 102! atoms cm~. Heating in D2 gases resulted in a homogeneous D
distribution (~0.9 x 10%* atoms cm™) and an H concentration of 1 x 10?! atoms cm3,
which confirmed that TiNx was hydrogenated upon heating in an atmosphere of hydrogen.
Similarly, hydrogenation of TiN1,0 also occurs by exposure to Hz or D2 atmosphere (Fig.
3-17).

Further confirmation of hydrogen solubility in the TiN, films was obtained by
monitoring at room temperature with a 5-MHz quartz crystal microbalance (QCM)
hydrogen sorption of TiNy films deposited at 200°C (Fig. 3-18).** Upon exposure of
TiNo7 and TiNz1o films to Ho, their QCM frequencies dropped abruptly, stabilising at —
30.1 and —-19.7 Hz, respectively, which corresponds to the incorporation of 1.41 and 0.93
ug of hydrogen, respectively, at pn2 = 50 kPa and 25°C. With geometric film volumes
and with an ideal molar density (8.44 x 1072 mol cm™2),%’ the hydrogen sorption capacity,
{H/Ti}, for TiNo7 and TiNio is calculated to be 0.15 and 0.11, respectively.
Stoichiometric TiN1o can absorb as much hydrogen as TiNo7 despite not being N-
deficient, indicating that most of the hydrogen moieties occupy sites other than nitrogen

vacancies.

77



Table 3-2. Phase purity and chemical composition of TiNx films on a Si wafer.

N2 concentration / % Phase Composition by WDX Composition by RBS
0.5 TiN, Ti TiNo.1500.017
1 TiN, Ti TiNo.4500.017
2 TiN, Ti TiNo.6300.023
2.5 TiN TiNo.7100.015 (TiNo.7) TiNo.8100.10 (10 nm, outer)/

TiNo.7400.035 (590 nm, inner)

3 TiN TiNo.9200.012
5 TiN TiNo.9400.014
10 TiN TiNo.9sO0.020 (TiNo.9) TiNo.o¢Oo.13 (15 nm, outer)/
TiNo.0500.042 (585 nm, inner)
50 TiN TiNo.9sOo.014
100 TiN TiN1.0200.019 (TiN1.0)

Table 3-3. Hydrogen fluxes and corresponding activation energies of hydrogen
permeability of TiNx (x = 0.7, 0.9, 1.0) membranes. Ju; are the values for 600 nm-thick

membranes.
Samples Juz at 500°C / mol em2 s Jm atrt/mol em?s!  E, of permeability / kJ mol!
TiNo.7 9.0 X 107 5.3 X 107 3.1 (T<200°C)
5.8 (T'>250°C)
TiNo.9 7.6 X 107 3.3 X 107 4.5 (T <200°C)
6.3 (T'>250°C)
TiN1.o 6.5 X 107 1.3 X 107 6 (T <100°C)

12 (T'>150°C)
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Fig. 3-15 H/D isotope effect on hydrogen fluxes through a 1.5-pum-thick
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Fig. 3-16 SIMS depth profiles of TiNy, films (400 nm) on a Si wafer: (a) as-
prepared, (b) heated in 50 vol% H,/Ar at 500°C for 1 h, and (c) heated in 50 vol%
D,/Ar at 500°C for 1 h. The concentrations of H (black line), D (red line), and O
(blue line) impurities are plotted in left axis and the signal intensity of constituent
TiN (green dashed line) and Si (yellow dashed line) is plotted in right axis.
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Fig. 3-17 SIMS depth profiles of TiN, , films (400 nm) on a Si wafer. (a) Heated in
50 vol% H,/Ar at 500°C for 1 h, and (b) heated in 50 vol% D,/Ar at 500°C for 1 h,
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Fig. 3-18 (a) Optical image of homemade gas-tight chamber equipped with
QCM and a quartz resonator with Au electrode deposited by TiN,, film. (b)
Response transient of QCM frequency shifts due to hydrogen adsorption on
TiNg - (1050 nm) and TiN, , films (850 nm) deposited at 200°C on a gold film
electrode (1.32 cm?) of quartz resonator. Measurements were performed by
switching from pure Ar to 50 vol% H,/Ar at 25°C at the time of 0 s. The black
dashed line shows a guide for eye of O's.

81



3-3-4 Mobile hydrogen species

Transport and absorption measurements unequivocally demonstrate that
nanocrystalline TiN, membranes realize fast diffusion of hydrogen along grain-boundary
pathways. If Hz dissociates into monoatomic hydrogen upon dissolution in TiNy, the
permeation fluxes driven by diffusion of these monoatomic species should be
proportional to the difference of Vpu at the entrance (pr2’) and exit (pr2’’) sides.*® The
obtained plots of Jiz vs (pi2’"°— pi2”’"°) deviate significantly from linearity (Fig. 3-19),
indicating the atomic hydrogen is not the major mobile species in TiN..

The behaviour of hydrogen in metal nitride semiconductors has been extensively
studied in the past decades,*>* revealing that it acts as a shallow donor (H") or acceptor
(H) if the Fermi energy level is low or high enough relative to &(+/-) threshold (4.4 eV
vs V. L.), respectively.** Protonic hydrogen defects (H*) are dominant in p-type nitride
semiconductors, usually forming amide-like defect complexes through association with
N anions.*->> In Krdger-Vink notation, the above reaction is denoted as

Nn*+ Ha(g) > (NHo)N®® + 2¢’ (3-8)
On the other hand, hydridic hydrogen defects (H") prevail in n-type semiconductors with
relatively high Fermi energies due to association with metal (M) cations.>->¢

Mw* + 1/2 Ha (g) + ¢’ — (MH)M' (3-9)
Reaction (2) can be rewritten in redox form as:

Mw* + 1/2 Ha (2) = (M H)m* (3-10)
Thus, hydridic hydrogen defects are favoured in TiN, since the Fermi energy level
(around —4.1 eV vs. V. L.)*" is located above the (+/-) threshold.

In order to evaluate the chemical states of doped hydrogen, TiNo7 and TiNio were
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probed by 'H nuclear magnetic resonance (NMR) spectroscopy (Fig. 3-20). Both films
show a sharp peak at & = 1.98 p.p.m., which is assigned to hydrogen as it is more
pronounced for samples hydrogenated at 500°C. A broad band centered at & = 6 p.p.m. is
assigned to hydroxyl groups of sacrificial mesoporous y-AlOs; layers (Fig. 3-20).
Fluorite-type TiHz is known to take a Ti**—H™ ionic configuration because of inevitable
electron transfer from Ti 3d to H 1s orbitals.”®>? Interestingly, the chemical shift of doped
hydrogen was identical to that of H™ ions of TiH2 (1.93 p.p.m.)*° but is much smaller than
that of Ti-NH (3.9 p.p.m.)! or Ti-NH, (13.5 p.p.m.)%? protons. Moreover, it has been
reported that H™ ions in various inorganic metal hydrides typically resonate below 5
p.p.m.% These spectroscopic features clarify that the doped hydrogen in TiNy is present
as H™ ions coupled to Ti cations.

The formation of hydridic Ti—H groups is also confirmed by in situ Fourier transform
infrared reflectance (FT-IR) spectroscopy during H/D isotopic exchange (Fig.3-21 and
Fig. 3-22). Pristine TiNo7 films showed Ti-N stretching bands at 1037 cm™ ® with
background signals from adsorbed hydrocarbons, water, and carbon dioxide observed at
~2900, 1650, and 2350 cm™, respectively.® Although amide-like (NH2)x** defect
complexes in metal nitrides have been reported to exhibit N-H and N-D stretches at
3000-3300 cm™ and 2100-2300 cm™ streches,>*? these bands were not observed for
TiNo7. Additionally, the N 1s X-ray photoelectron spectroscopy (XPS) of TiNo7
hydrogenated at 500°C do not provide evidence for the presence of N-H states® (Fig. 3-
23). Therefore, the combined results of NMR, XPS and FT-IR spectroscopy indicate that
protonic H defects do not dominate in TiNx.

Furthermore, FT-IR measurements during H/D isotopic exchange with H> or D, gases
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(Fig. 3-21) confirm the results above that only hydridic moieties are involved. Switching
from Hz to D, at 400°C results in the quick growth of the Ti-D stretching band®”-*® at
~1180 cm™!, with equilibrium being established within 10 min (Fig. 3-21(b)). Although
the Ti—H stretch (1600-1650 cm)%7%8 is masked by the overlap with the background
from adsorbed H2O, the Ti-D band quickly disappears upon switching back to Ho,
revealing that D™ ions associated with Ti cations are replaced by H™. This H/D exchange
is observed even at 25°C (Fig. 3-21(¢c)) and a similar trend is seen by TiN o (Fig. 3-22).
Thus, all obtained experimental data indicate that the hydride ions of Ti—H groups are the

main mobile hydrogen species in TiNx.

3-3-5 Hydride ion conduction mechanism

The above findings unambiguously demonstrate that nanocrystalline TiNyx membranes
exhibit hydride ion conduction due to the formation of Ti-H groups by matrix
hydrogenation (a physical model for hydrogen transport in TiNy is proposed and discussed
later). Defect-formation energies (AEqer) for H>—TiN systems were calculated by density
functional theory (DFT), which vyields negative enthalpy for H intake into nitrogen
vacancy (Vn) while large positive ones (> 2 eV) for various H-interstitials even after
lattice relaxation (Fig. 3-24), indicating that hydrogen introduced into Vn sites, if
available, does not migrate fast due to the large potential for jumping through interstitial
region between Vy sites. Moreover, QCM-determined {H/Ti} indicates that hydrogen
absorbed is not inserted into nitrogen vacancies (Fig. 3-18). Thus, these experimental and
theoretical findings imply that the incorporated hydrogen is mainly located outside the

crystallites, i.e. near grain boundaries, without being inserted into grain interiors.
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To support this hypothesis, the energy of hydrogen adsorption (AEad) on TiN (100)
surfaces was calculated by DFT, using a x a x 2 a supercell (Fig. 3-25(a-b), and see 3-2-
2(c) for detailed procedures). AEaq for H adatoms (Had) on Ti, N and hollow sites equal —
0.16, +1.4 and +0.23 eV, respectively, revealing that hydrogen preferentially
chemisorbed on Ti cations to produce terminal Ti—H groups. The above values agree with
the results of similar calculations reported elsewhere.3-®° Ti—Haq bond length is 1.74 A,
being identical to that of the ionic bond between Ti®* and H~.3! The corresponding partial
density-of-states (p-DOS) reveal that the H impurity level lies just below the Fermi energy
level (Fig. 3-25(b)), indicating that H adatoms induce the formation of negatively charged
hydridic H defects by electron transfer from Ti 3d to H 1s states, as shown in Eq. (3-10).

The QCM-measured sorption capacity is in close agreement with the hydrogen content
needed to fully cover internal grain surfaces by terminal Ti—H groups, with the fractions
of surface Ti (Fi) for (100)-orientated TiN nanocubes with lengths of 14 and 12 nm
equalling 0.091 and 0.11, respectively. It has been reported that site occupancy of the Li
intercalation in layered materials is roughly described by Langmuir monolayer
chemisorption theory.”” Assuming that the occupation of the surface Ti sites by hydrogen
obeys the same behaviour, the ‘coverage’ of the internal grain surfaces by terminal Ti-H
groups is calculated by using calculated AEaq to be close to unity under the effective pn2
inside membranes equilibrated with gas phase. In this case, {H/Ti} should be close to Fri.
The observed {H/Ti} of TiNo.7 (dav = 14 nm) and TiN1o (dav = 12 nm), are 0.15 and 0.11,
respectively, being comparable to the corresponding Fri values. This analysis dose not
account for other crystallographic surfaces and the shape of grains, however, revealing

that nanocrystalline films retains enough internal grain interfaces to accommodate the
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incorporated hydrogen in the form of terminal Ti—H groups.

Moreover, the temperature and composition dependence of the hydrogen permeability
can be explained with the aforementioned model. The concentrations of Ti—H groups are
expected to decrease with increasing temperature due to the negative AEaq for bonding.
Based on data presented in Fig. 3-12(a), the weak thermal activation of Ju2 at T < 100°C
is ascribed to a decrease of [Ti—H], with the plot slope at T > 250°C allowing hydride ion
conduction diffusion barriers to be estimated, since diffusivity activation is expected to
dominate the reduction of [Ti—H] in that region. Based on this framework, the diffusion
energy of TiNy (Ea at T > 250°C) is found to be much smaller than those of the recently-
discovered hydride ion-conductors, such as Laz x ySrxyLiH1 x+yO3-y (68.4 kI mol™)”! and
BaH, (50.1 kJ mol)72,

Fig. 3-12(a) and Fig. 3-7 clearly show the Ea values are significantly reduced as the
growth orientation is varied from the (100) direction for x = 1 to the (111) direction for x
= 0.9 and 0.7. The diffusion barriers along the Ti-N-Ti and diagonal Ti-Ti paths on a
(100) surface are estimated as 1.6 and 0.39 eV from the difference of AEa for Ti and
N/hollow sites. Although these values are still larger than the Ea of TiN1o (0.12 eV), this
calculation reveals that Ti—Ti paths are much more favourable than the Ti—-N-Ti one. In
rock salt structure, the (100) surface features equal amounts of Ti and N, but the (111)
surface expose alternatively pure Ti or N closed-packed-layer (Fig. 3-25(c)). Therefore,
diffusion along (111) Ti cationic surfaces is much easier than that along (100) ones,
because close-packed Ti arrays create a shallow potential at hollow sites because of the
short Ti—Ti distances and absence of N anions. At this point, it is not clear whether this

difference is solely due to the properties of each crystal surface or to a possible change in
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the nature of the grain boundary region, including the space charge layer.”’* Both
experimental and theoretical results clearly indicate that the grain boundary hopping
transport of hydride ions in TiNy takes place by a bond exchange process between Ti-H
terminal groups covering internal grain surfaces. Thus, nanocrystalline TiNx membranes
realise hydrogen permeability by combining hydride ion diffusion along internal grain

interfaces with metallic conductivity of the grain bulk.

3-4 Conclusion

Nanocrystalline TiNx membranes were demonstrated to exhibit room-temperature
hydrogen permeability due to enhanced grain boundary diffusion of hydride ions
mediated by terminal Ti—H groups on internal grain surfaces with a low activation energy
of ~5 kJ molL. Hence, the flux of hydrogen through TiNo7 membranes (1 x 10°° mol cm~
2571 at 25°C) exceeded that observed for Pd membranes at ambient temperature.

The current results propose a guideline for designing hydrogen separation membranes
based on hydride ion-electron mixed conductivity of metal nitride nanomaterials. Metallic
nitrides which possess Fermi energy levels above the &/e~ threshold>* are promising
hydride ion conductors. These nanocrystalline materials with preferred grain orientation
and significantly reduced grain sizes could realise ultrafast hydrogen permeation due to

grain-boundary diffusion of hydride ions and metallic conduction of the grain bulk.
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Fig. 3-19 J,, vs py, plots of TiN, membranes. (a)-(c) J,, of 2.5 um-thick
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Fig. 3-20 Identification of mobile hydrogen species in TiN, membranes. *H NMR
spectra of TiNy,and TiN,, films (1 um) detached from the Si substrate with
100-nm-thick y-Al, 05 sacrificial coating. Red lines represent as-prepared films,
and blue lines represent those heated in 50 vol% H,/Ar at 500°C for 1 h. The
black line shows the spectrum of the sacrificial y-Al,O5 layer, with the spectrum
of commercial TiH, powder also shown as a reference.
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Fig. 3-21 In situ FT-IR spectra of TiNy; membranes (600-nm-thick). The films
were initially exposed to a 20 vol% H,/Ar atmosphere for 1 h, followed by
switching to 20 vol% D,/Ar for 30 min and reverting to 20 vol% H,/Ar for 1 h.
Spectra recorded for H, are shown in red, and those obtained for D, are shown
in black. (a) FT-IR survey spectra (650-3500 cm™) and (b) expansion of the Ti-D
stretching region at 400°C. (c) The spectra measured at 25°C. The numbers in
(b) and (c) indicate the time (min) to start measuring each spectrum with the
time to switch atmosphere being defined by 0 min. The measurement time of a

spectrum is about 2.5 min.
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Fig. 3-22 Identification of mobile hydrogen species in TiN, , by in situ FT-IR. (a) in situ
FT-IR spectra of the 650-3500 cm! region in 100% H, atmosphere at 100-400°C and
in 20% D, atmosphere at 400°C. (b) expansion of the Ti-D stretching region at 400°C.
The numbers in (b) indicate the time (min) to start measuring each spectrum with
the time to switch atmosphere being defined by 0 min. The measurement time of a
spectrum is about 2.5 min.
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Fig. 3-23 N 1s XPS spectra of 600 nm-thick TiN, films treated in
50%-H,/Ar atmosphere at 25°C and 300°C.
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Fig. 3-24 Energy diagrams for rock salt type titanium nitride phases with various
nitrogen and hydrogen point defects. (a) The DFT energies calculated for 2X2X2
supercells of various hydrogen defect models. (a3) shows the total energies of the
system comprising stoichiometric TiN phase (Ti;,N;,) and 1/2 H, gas. (al) Ti3;N5,(Hy):
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phase with an H interstitial at (a4) tetrahedral site of fcc Ti sublattice (*'H), (a5)
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(b), (c) Partial DOS of Ti;,N,, and Ti;,N,,H. H 1s state is offset by X2.
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Appendix: Estimation of hydridic ion conductivity

(a) Comparison with other hydrogen permeable membranes

600 nm-thick TiNo 7 and TiN; o membranes yield the hydrogen fluxes of 5.3 X 10~
and 1.3 X107 mol cm™ s7! at 25°C (Table A3-1). These values are several orders of
magnitude larger than the fluxes reported for various mixed proton electron conducting
ceramics (MPECs) at temperature above 800°C (Table A3-1). It is concluded that TiN,
membranes are promising candidates of technologically-feasible Pd-alternatives. As
shown in Fig. 3-12(b), 200 nm-thick TiNo7; membranes give rise to 1.0 x 10°® mol cm
st at 25°C, which is still one order of magnitude smaller than the flux of 25 pm-thick
state-of-the-art Pd;sAgos membranes (3.0 X 10 mol cm 2 s!; Table 3-4) at 450°C.
Moreover, this value is still 2 orders of magnitude smaller than the 2015°s DOE target (1

x 10 mol cm2 st at 25°C).AL

(b) Hydridic ion conductivity

When a gradient in hydrogen chemical potential ( Via12) is applied across a mixed
hydride anion electron conducting membrane, hydrogen transport must occur from the
high to the low hydrogen chemical potential side accompanied by a counter flux of

electrons or holes. In such a case, an expression for the hydrogen flux can be derived by*?

_ RTteoy_ [Pz’
Juz = BT dInpy,
Inpyy’

(A3-1)

Here, f., ou- and L are electronic transfer number (unity), H™ ion conductivity and
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membrane thickness of TiN,. F'is a faraday constant. Prime and double prime denote the
entrance and exit side of the membrane, respectively. If H™ anion carrier concentrations
are not dependent on pn in the finite range, Eq. (A3-1) indicate the slope of the Ju> vs
In[pu2 /pu2 ] plots allow the H™ anion conductivity, on-. pu2” corresponding to the
pressure at the film/support interfaces can be available under steady state condition by
using a flux calibration curve of porous alumina support (Fig. 3-6)."° The detailed
explanation is noted in Experimental section. The assumption would be reasonable in the
case of TiNy, because small pu> dependence of Ti-D IR bands implies that the deviation
of the relative peak intensity, [Ti-D], is within 20% in the measure pu range (Fig. A3-1).
All membranes reveal a good linear relationship between Juo and In[pn2 /pn2 7] (Fig. A3-
2(a-c)), and thus, the permeability of TiN, is well replicated by ion electron mixed
conducting model. In case of hydrogen permeable metals, the hydrogen solubility obeys
Sieverts’ law”* and the corresponding permeation fluxes should be proportional to pi°?
term. Jiz vs (p2’%>- puz %) plots of TiNo 7 are largely deviated from a straight line passed
through an origin (Fig. 3-19), indicating that hydrogen permeation is not driven by the
hydrogen dissolution unlike metallic alloys. Accordingly, it is evident that hydride anion
diffusion involves hydrogen permeation in TiN..

on- thus obtained obeys Arrhenius type linear relationship in a wide temperature range
in every composition (Fig. A3-2(d)). on- becomes larger and the related £, smaller at
smaller x. TiNo7 possesses or- of 1.5X 10# S cm™! even at 100°C, and this value is very
close to the conductivity of fast H™ ion conductor L,..Sr,LiH>.,O; at 300°C (2 X 10# S

cmfl ).AS
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Table A3-1. Summary of recent reports for various hydrogen separation membranes.

Materials L/pm T/°C  Eia/kJmol' Ju2/mol cm?s! on./S em™ Ref

TiNo.7 (this work) 0.6 500 5.8 9.0x107 2.5 X 10*

rt 5.3X107
TiNo.s (this work) 0.6 500 6.3 7.6 X107 1.6 X 10

rt 3.3X107
TiN1.o (this work) 0.6 500 12 6.5X107 1.4 X 10

rt 1.1xX107
Pd 6 480 26 2.6 X103 AS
Pd7sAgas 25 450 - 3.0X10°3 A6
NbssTi23Ni21 800 400 - 1.4X10¢ A7
\% 2000 425 -26 1.4%X107 A8
Ta 500 420 -20 2.4X107 A9
Nb 500 420 -18 6.0x107 A9
Ti 500 100 59 2.4X1071? Al10
SrCeo.95Eu0.0503-5 1720 650 66 7.5X101° All
BaCeo.9sNd0.0503-5 700 925 - 1.9x10%® Al2
BaCeo.65sZr0.20Y0.1503-5 650 755 91 2.0X107 Al3
-Ce0.85Gdo0.1502-5
Ni-Ba(CesY0.)03.5 230 800 - 5.7%107 Al4
Ni-BaCeo.85Tbo.05Zr0.103-5 500 800 - 1.3x107 AlS
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Fig. A3-1in situ FT-IR spectrum of TiN, 5. (a) pp, dependence of Ti-D absorption bands
at 25°C. (b) Relationships between the relative peak intensity, [Ti-D], and py, in (a). The
peak intensities are normalized by ones at py,= p, =101 kPa.
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Fig. A3-2 p,, dependence of hydrogen fluxes of TiN, membranes fitted to
ion electron mixed conducting mechanism. J,, of 2.5 um thick TiN,
membranes (x = 0.7 (a), 0.95 (b) and 1.0 (c)), plotted by way of ion electron
mixed conductors (see Eq. (A3-1)). p,,” denote p,, at hydrogen supply side
and p,” at permeation side. The fluxes are measured at p,,” of 30, 50 and
100 kPa. (d) Arrhenius plots of the H™ ion conductivity o;,. determined from
a slope of the plots in (a), (b) and (c).
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Chapter 4

Improved hydrogen permeability of TiNy
nanocrystalline membranes by microstructural
tailoring

4-1 Introduction

In Chapter 3, It has been demonstrated that TiN. nanocrystalline membranes are
alternative hydrogen membrane based on the novel transport mechanism featured by
ambipolar diffusion of hydride ions and electrons. The hydrogen fluxes of the sub-mm
thick films are much higher than that of technological-limit 5-um-thickness ultrathin Pd
membranes at room temperature due to the extremely-lowered activation energy for
diffusion (~10 kJ mol™'), however, the value is still lower than the DOE flux rate target
(1 x 10* mol cm2 st at 25°C).!

In Chapter 3, it was demonstrated that titanium nitride (TiNy; x = 0.7, 0.9, and 1.0)
nanocrystalline membranes exhibit hydrogen permeability levels exceeding that of Pd
metals at 25°C due to the fast diffusion of hydridic ions. This observation is ascribed to
the following reasons. 1) NMR and FT-IR spectroscopy confirmed that Ti-H group are
dominantly formed in hydrogenated TiN. membranes, revealing that hydrogen favour to
form hydridic hydrogen defects (H") via associated with Ti cations attributed to the

relatively high Fermi energy levels (—4.1 eV vs V. L.). 2) Hydrogen permeability and
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solubility of stoichiometric TiN1,o was not far different from highly-N-deficient TiNp 7,
which prove that hydridic diffusion was not mediated via nitrogen anion vacancies. 3)
Permeability is increased by reducing crystallite sizes, indicating grain boundaries
preserve the diffusion pathway of hydridic ions. According to brick layer models,>* grain
boundary diffusion is linearly correlated with grain boundary volumes which can be given
by a function of the inversed grain sizes. Hence, it is of fundamental and technological
importance to investigate the relationship between crystallite sizes and hydrogen
permeability in TiN, systems. In this chapter, the hydrogen solubility was demonstrated
and thus the related permeability of TiNy (x = 0.7, 1.0) nanocrystalline membranes are
remarkably enhanced by decreasing nanocrystalline grain sizes, which provides a clear
evidence for the interfacially-controlled diffusion of hydride ions. (111)-oriented TiNo.7
membranes possess higher hydrogen solubility than (100)-oriented TiN1o because the
population of Ti cations, i.e. a coordination site for hydride on (111) surface are several
times higher than that of (100) surface, which results in the hydrogen permeability of
(111)-oriented TiNo.7 membranes consisting sub 10 nm-sized crystallites is three orders

of magnitude higher than equivalent thickness Pd at room temperature.

4-2 Experimental

4-2-1 Hydrogen permeability tests
Nonstoichiometric TiNy membranes (x = 0.7 and 1.0) were deposited by reactive

sputtering in an ultrahigh vacuum chamber system (ULVAC S-3000). The sputtering
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condition is written in 3-2-1(b). In order to investigate the particle size dependence of the
hydrogen permeation, the TiN, crystal growth rate was controlled by changing substrate
temperature to 25, 200 and 500°C. The thickness of the membranes was adjusted in 600
nm by controlling sputtering time.

To investigate a hydrogen permeability of TiN, with different nanocrystalline size, the
membranes were fabricated on a porous alumina support consisting of macroporous o-
AL Os sintered pellets with mesoporous y-Al,O3 top layer. The procedure to produce
porous ALOj3 support was written in 3-2-1(a).*

Hydrogen permeability of TiN: membranes were carried out with a homemade gas-
tight chamber system equipped with a gas chromatography (GL Sciences GC-4000). A
TiN, membrane sample was sealed in specially-designed sample holder using carbon
sheet gaskets and placed in an electrical furnace to controlled temperature. The details of

measurement condition are written in 3-2-1(c).

4-2-2 Characterization techniques

Phase purities were determined by X-ray diffraction (XRD; RIGAKU RINT2200
diffractometer with Cu Ka radiation). The above measurements were performed for 500-
nm-thick TiN, films deposited on a Si wafer modified with a 100 nm-thick y-Al>O3 layer.

The morphologies of TiN, membranes were characterised by transmission electron
microscopy (TEM; JEOL JFM-ARM-200F). High-resolution images taken from
corresponding specimens are prepared by ion-milling process (JEOL AT-12310). The 1.2
cm X 1.2 cm TiN/y-Al,03/Sisamples pasted together with petropoxy resin were polished

at ~0.1 mm by hands, and thinned from both sides constantly rotated, using Ar" ion beam

110



at 3 kV at a glancing incidence angle of about 5°.

"H magic-angle-spinning nuclear magnetic resonance (MAS-NMR) spectroscopy was
performed using a JEOL JNM-ECAII spectrometer. The procedure of powder TiNy
samples and measurement conditions were written in 3-2-2(a).

Amount of the hydrogen absorbed are measured with a home-made gas flow chamber
system equipped with a 5 MHz quartz crystal microbalance (QCM) device (USI System)
at 25°C. The quartz crystal resonator (1.0 cm@) have an Au film electrode (1.32 cm?).
The TiN, films are deposited directly on the Au film electrode through a shadow mask at
25 and 200°C. The amount absorbed are determined by the shift of the resonance

frequency as switched from pure Ar to 50%-H2/Ar gases at 25°C.

4-3 Results and Discussion

4-3-1 Fabrication of TiNx membranes

In Chapter 3, nanogranular membranes of single-phase NaCl-type TiN, (x = 0.7 and
1.0) have successfully fabricated by reactive sputtering of a pure Ti metal target in Na/Ar
mixed process gas at 0.9 Pa (See Chapter 3). According to the results of a broad survey
of the effect of N> gas concentration on the developed films, we successfully optimized
the N content at each deposition temperature, as summarized in Table 4-1. The results
indicated that higher N> concentrations were required in the gas phase for deposition at
lower substrate temperatures, probably due to the lower nitridation reaction rates.

Hereafter, TiNx membranes deposited at 500, 200, and 25°C are denoted as TiN,-500,
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TiN,-200, and TiN,-25 (x = 0.7 or 1.0), respectively.

The highly N-deficient TiNo.7 membranes always exhibited (111) preferred orientation
during grain growth regardless of the deposition temperatures, while stoichiometric TiN1 o
membranes had a (100) orientation at all deposition temperatures, as confirmed by X-ray
diffraction (XRD) (Fig. 4-1). The full-width-at-half-maximum (FWHM) values of the
(111) and (100) peaks increased with decreasing temperature; this was attributed to a
reduction in the crystallite sizes at lower deposition temperatures. The average grain sizes
(dav) of TiN,-500, -200, and -25 were 23, 13, and 7 nm for x = 0.7, and 22, 12, and 8 nm
for x = 1.0, respectively, as calculated from the XRD data using the Scherrer equation
(Table 4-1).

Fig. 4-2(a) shows a cross-sectional scanning electron microscopy (SEM) image of a
600-nm TiNo.7 membrane deposited on a porous alumina support, indicating three distinct
layers: the macroporous a-Al,O3 substrate, mesoporous y-Al,O3 middle layer (I pum
thickness), and dense TiN, membrane layer (600 nm thickness). The middle layer retained
numerous nanometer-sized pores in the interstitial spaces of the nanoparticle networks
and the dense TiN, films were uniformly formed over the mesoporous layer without
intermixing at the interface (Fig. 4-2(b)). Moreover, transmission electron microscopy
(TEM) images revealed that the TiN. layer was composed of rectangular crystallites with
dimensions of a few tens of nanometers, which became smaller with decreasing
deposition temperature as 20, 14, and 7 nm for TiN7-500, -200, and -25, respectively
(Fig. 4-2(c-e), Fig. 4-3 and Table 4-1). The crystallite sizes observed by TEM were in

good agreement with the day values determined by XRD.
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4-3-2 Hydrogen permeability

In our previous reports, hydrogenated TiN,-500 was found to exhibit a sharp peak at
1.93 p.p.m. in 'H nuclear magnetic resonance (NMR) spectroscopy, attributed to the
hydride ions coupling with Ti cations (Chapter 3). The TiN,-25 films in this study also
showed similar spectroscopic features (Fig. 4-4); all films showed a sharp peak at 6 =
1.93 p.p.m., together with a broad peak of hydroxyl groups of sacrificial mesoporous y-
AL O3 layers centered at =5 p.p.m.; the former of which was identical to the hydrogen
defects in TiN, as the peak intensity clearly increased with hydrogenation. The ¢ values
were clearly different from the features of protonic hydrogens in Ti-NH (3.9 p.p.m.)° or
Ti-NH; (13.5 p.p.m.)’. Hayashi et al. reported that a 'H-chemical shift &so(H") of metal
hydride systems can be correlated with their M—H bond length using the following
empirical equation:®1!

diso (HY) (ppm) = 0.070 dm-n (pm) — 11.5(%2) (4-1)
Using the Ti—H bond length (174 pm)'?, Eq. (4-1) was used to calculate the diso (H) value
of about 1.68 p.p.m., which was very close to the observed peak (1.93 p.p.m.), confirming
that hydridic hydrogen defects were favorably formed in TiNx by the following
hydrogenation reaction:
Tit* + 1/2 Ha (g) + ¢’ — (TiH)n/' (4-2)

To determine the hydrogen permeability and selectivity of the TiNx membranes, 50
vol%-H2/N2 or 50 vol%-He/N> mixtures were supplied to the surface of the membranes
and the gas exiting from the support side was analysed by gas chromatography. All
membranes showed very small nitrogen fluxes (Jx2; ~3%1078 mol s™! ecm™2), which were at

least two orders of magnitude smaller than the hydrogen permeation fluxes (Ju2; see Fig.
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4-5(a-b)), confirming that TiNx membranes show selective hydrogen permeation by
hydridic conductivity. Helium fluxes (Jxe) from TiN,-500 membranes were nearly zero,
despite the fact that He molecules are smaller than those of H2 (Fig. 3-12(a)), thus proving
that the observed hydrogen transport was not via pinholes or cracks.

Fig. 4-5(a) and (b) show the Ju> of 600 nm TiNx-25, -200, and -500 (x = 0.7 and 1.0)
membranes, indicating that the hydrogen permeability of the TiNx membranes was
significantly enhanced with decreasing average crystallite size, day. FOr both TiNo 7 and
TiN1o, Ju2 values increased equally at every temperature with decreasing dav; the
temperature dependency remained unchanged with decreasing dav, providing clear
evidence for interfacially controlled hydride ion diffusion in the nanocrystalline matrices.
For TiNo.7, Ju2 showed an Arrhenius-type linear temperature dependence at 7' > 250°C,
which became much less pronounced at 7< 200°C due to the reduced mobility of hydridic
ions with temperature due to the negative formation energy of Ti-H groups (Chapter 3).
The ratio between hydrogen and deuterium permeation fluxes, Ju2/Jp2, through the TiN-
25 membranes was close to the reciprocal ratio of root mass, VMp/\NMuy ~ 1.4 (Fig. 3-15),
providing a signature of diffusion-limited hydrogen permeation.'* Hence, the activation
energies (Ea) observed for 7> 250°C must have corresponded to the diffusion energy of
hydridic defects and the values for TiNy.7-500 and -200, and -25 equal to 5.5, 5.6, and 5.8
kJ mol ™!, respectively (Table 4-2). (100)-oriented TiN;o showed more pronounced
temperature dependent Juz than (111)-oriented TiNo.7 for 7>200°C, which was attributed
to the relatively large E, (8.9—12 kJ mol™!). Therefore, the permeability of the former was
several times smaller than that of the latter at ambient temperature (Table 4-2).

According to the brick layer model, where cubic grain cores are arranged on a simple
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cubic lattice (with length dav) separated by homogeneous grain boundary layers (Fig. 4-
8(a)),> the grain boundary volumes of nanocrystalline materials are proportional to their
volumetric surface areas, which are correlated with day 2. In TiNo 7, decreasing day from
23 (TiNy.7-500), to 13 (TiNo.7-200), to 7 nm (TiNo.7-25) increased Jn2 from 1.5 to 2.2 times,
respectively, indicating that the Ju2 ratios of TiN¢.7-200 to TiNo7-500 and TiNg 7-25 to
TiNo.7-500 were roughly equivalent to the inverse ratios of day, i.e. (13 nm/23 nm)*~1.8
and (7 nm/ 23 nm) ~1~3.3, respectively. Similarly, the ratios of Ju. values obtained for
TiN1.0-25 to TiN10-500 and TiN1.0-200 to TiN1.0-500 were approximately equal to 2.7 and
1.6, respectively, which was in agreement with the corresponding day* ratios, (8 nm/20
nm)1~2.5 and (12 nm/22 nm)1~1.8, respectively. The linear scalability of Jua vs. day?
clearly proved that the hydridic conduction in TiNy occurs via interfacial grain boundary

pathways (Fig. 4-5(c-d)).
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Table 4-1. RF reactive sputtering conditions of TiNx (x = 0.7 and 1.0) nanocrystalline

membranes and their average grain size (da) of the corresponding membranes
deposited on y-Al,03/Si wafers, as determined by XRD and TEM.

samples Substrate N: concentration day (XRD) / nm dav (TEM) / nm
temperature / °C ! %
TiNo.7-500 500 2.5 23 20
TiNo.7-200 200 4 13 14
TiNo.7-25 25 10 7 7
TiN1.0-500 500 100 22 20
TiN1.0-200 200 100 12 12
TiN1.0-25 25 100 8 9

Table 4-2. Structural and hydrogen-transport properties of 600-nm TiNx (x = 0.7 and 1.0)

membranes.
samples day Crystal Hydrogen flux at Hydrogen Ea of composition
(XRD)/ orientation  500°C / mol cm™ flux at rt/ permeability / kJ
nm s mol cm2 5! mol!
TiNo.7-500 23 (111) 9.0 X 107 5.3 X 107 3.1 (T'<200°C) -
5.8 (T'>250°C)
TiNo.7-200 13 (111) 1.1 X 10°¢ 7.8 X 107 3.0 (T<200°C) TiNo.7Ho.15
5.6 (T'>250°C)
TiNo.7-25 7 (111) 1.6 X 10°¢ 1.0 X 10°° 3.1 (T'<200°C) TiNo.7Ho.22
5.5 (T'>250°C)
TiN1.0-500 22 (100) 6.5 X 107 1.3 X 107 6.0 (T<100°C) -
12 (T'>150°C)
TiN1.0-200 12 (100) 1.0 X 10°¢ 2.6 X 107 6.1 (T <200°C) TiNy oHo.11
9.8 (I'>250°C)
TiN1.0-25 8 (100) 1.3 X 10°¢ 4.9 X 107 6.1 (T<150°C) TiN1.0Ho.14

8.9 (T'>200°C)
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Fig. 4-1 XRD patterns of 500 nm-thick TiN, (x = 0.7 and 1.0) films
deposited on a Si wafer modified by y-Al,0; mesoporous layer (100 nm
thickness). Sputtering was performed at 25, 200 and 500°C.
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Fig. 4-2 (a) Cross-sectional TEM image of a membrane devices comprising sputter-
deposited TiN ; (top layer, 600 nm), sol-gel-derived mesoporous y-Al,O; (middle layer, 1
um), and macroporous a-Al,O;. (b) Cross-sectional TEM image of an area close to the
TiN, ;/y-Al,O; interface. High-resolution TEM image revealing the nanogranular
morphology of TiN,, deposited at (c) 25, (d) 200 and (e) 500°C. In inset of (c)-(e), the
electron diffraction (ED) patterns recorded at a point in the images are also shown.
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Fig. 4-3 High-resolution TEM image revealing the nanogranular morphology of TiN,,
deposited at (a)500, (b)200 and (c)25°C.
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Fig. 4-4 'H-NMR spectra of TiN,-500 (red lines) and -25 films (blue lines) (x =0.7, 1.0; 1
pm thickness) detached from the Si substrate with 100-nm-thick y-Al,O; sacrificial
coating. All samples are treated in 50 vol% H,/Ar at 500°C for 1 h. The spectrum of the
sacrificial y-Al,O5 layer (1 um thickness) is also shown as a reference.
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Fig. 4-5 Hydrogen flux of TiN, membranes at temperatures between ambient and 500°C.
(a-b) Arrhenius plots of hydrogen fluxes (J,) through (a) TiN,, and (b) TiN; ;membranes
of 600-nm thickness prepared at 25°C, 200°C and 500°C. (c-d) The relationship between
hydrogen permeation fluxes (J,) and reciprocal average grain sizes (d,,!) of TiN,
membranes.
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4-3-3 Grain size dependence of hydrogen solubility

To provide further verification of interfacial hydrogen solubility in the TiN, membranes,
room-temperature hydrogen sorption was measured for TiNx-25 and -200 using a 5 MHz
quartz crystal microbalance (QCM) by directly depositing TiNo.7 or TiN1o films on a Au
electrode of a quartz resonator at 25 or 200°C (Fig. 4-6).'%!7 Unfortunately, it was difficult
to fabricate TiNx-500 on a resonator due to the thermal damage. Upon exposure of TiNo.7-
25 and -200 in 50%-H>, the QCM frequencies dropped abruptly and stabilized at —40.9
and —30.1 Hz, respectively, which corresponded to 1.92 and 1.41 ug of hydrogen sorption
at 25°C, respectively (Fig. 4-6(a)). Using the geometric film volumes and ideal molar
density (8.44 x 102 mol cm™3),'® the hydrogen solubility (Sw), which is defined by the
H/Ti ratio under equilibrium, of TiNo.7-25 and -200 were calculated to be 0.22 and 0.15,
respectively. Similarly, the Sy values of TiNz1.0-25 and -200 were calculated as 0.14 and
0.11, respectively. The Sy values thus determined are summarized in Table 4-2.

The linearly proportional Sy vs. day ! curve proved that the hydrogen was favorably
incorporated into the grain boundary regions (Fig. 4-7(a)). The Sy of TiNg.7-25 was 1.5
times higher than that of TiNo.7-200, which is in good agreement with the day ratio of
TiNo.7-25 to TiNo.7-200 (~1.8). Similarly, the Sh of TiN1.0-25 (0.14) was larger than that
of TiN10-200 (0.11) by a factor of 1.3, where this value was also in agreement with the
dav! (8 Nm/12 nm~1.5) ratio (~1.59) between TiN10-25 and TiN10-200 (Table 4-2).
Considering also the flux behaviour, the size-enhanced hydrogen permeability was
related to the increase in interfacial hydridic carriers.

Moreover, the QCM-measured hydrogen solubility, Sk was in close agreement with the

hydrogen content required for a monolayer coverage of all crystallites with terminal Ti—
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H bonds. Assuming that the hydrogenation of each crystallite occurred by obeying the
Langmuir monolayer chemisorption® of hydrogen onto surface Ti sites and that
monolayer coverage was achieved under equilibrium conditions at pn2 = 0.5 po, SH should
ideally be equal to the fraction of the surface to bulk Ti (Fri) for TiN nanocrystallites.
Here, the brick layer model with nanocubes with a side length of d,y and grain boundary
width of { was considered to calculate an ideal Fri (Fig. 4-8(a)). Because (100)-oriented
NaCl-type nanocubes have six equivalent square faces and every face includes two Ti
cations (Fig. 4-8(b)), Fri of the (100)-oriented brick layers (Fri (100)) were calculated as
follows:

(2 X 6 dgy?1™2

) —
Fri(100) = = =80 =3l day ! (4-3)

where, / is the lattice constant.

The morphology of a (111)-orientated nanocube is more complicated: it has a pair of
(111) surfaces on the top with two orthogonal faces with (110) surfaces and the other two
with (112) surfaces (Fig. 4-8(c-¢)). The (111) surface exposes alternatively pure Ti or N
closed-packed-layers (Fig. 4-8(c)); therefore, pure Ti (111) faces retain ideally 2.5 Ti
cations per area defined by V3//2. The probability of a pure Ti layer is equal to 1/2 and
Frri for one (111) face of a NaCl-type nanocube (fri (111)) is calculated using:

fi(111) = %davzl'z (4-4)

As shown in Fig. 4-8(d), the (110) surface ideally includes two Ti cations per area defined

by \2P; therefore, Fr; for one (110) face of a nanocube (f1i (110)) is represented as:

£ (110) :%da&z-z (4-5)
Similarly, Fri for one (112) face of a nanocube (f1; (112)) (Fig. 4-8(e)) is given by:
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253 ~
fri (112) = FJ6arav21 2 (4-6)

Finally, the corresponding Fr; for (111)-oriented nanocubes is calculated from the sum
2 xfri (111) + 2 x f1i (110) + 2 x f1i (112), as follows:
Fr(111) = {(322 + 22 + 222 day 172} /4dy, 172
=4.87 ld,, ! 4-7)
The ideal Sh is equivalent to Fri when a monolayer coverage with terminal Ti-H is
achieved.

Fig. 4-7(b) shows plots of the observed Sh as a function of Fri calculated from Eq. (4-
3) or (4-7) with the observed dav, along with a straight line indicating the relationship S
= Fri. In both (111)-oriented TiNo.7 and (100)-oriented TiNj .o, the Sy values were very
close to the straight line, confirming that the hydrogen solubility of TiN, was identical to
the amount required to form the monolayer on all crystallite surfaces in the membrane
matrices. The SH values of (100)-oriented TiN10-200 and TiN10-25 (0.11 and 0.14,
respectively) were in agreement with the corresponding Fri values (0.11 and 0.16,
respectively), and similarly, S of (111)-oriented TiNo.7-200 and TiNo.7-25 (0.15 and 0.22,
respectively) were also very close to the corresponding Fri values (0.19 and 0.24,
respectively). These features unambiguously demonstrate that hydridic defects were
predominantly formed along grain boundaries as Ti-H terminal groups on individual
crystallites, while they were not observed in the grain bulk. This is consistent with the
theoretical calculations reported in Chapter. 3. If the hydrogen defects exist in the grain
interior, they must occupy the interstitial sites of the NaCl-type structure as stoichiometric
TiN1o can retain an amount of hydrogen defects, as shown by the QCM results (Fig. 4-
6). However, DFT calculations clarified that the interstitial hydrogen defects are not
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energetically favoured.

The Sh of TiNo.7-200 (day of 13 nm) was 1.4 times larger than that of TiN1,0-200 (dav Of
12 nm), which was in agreement with the theoretical ratio given by comparing Eg. (4-3)
and (4-7), revealing that the hydridic carrier concentration of (111)-oriented films became
1.6 times larger than that of the (100)-oriented films with the same day. The E, of (111)-
oriented TiNo7 (ca. 5.8 kJ mol™") was about half that of (100)-oriented TiN ¢ (ca. 12 kJ
mol ™), indicating that the relatively high concentration of surface Ti coordination sites
on (111)-related faces were advantageous for interfacial diffusion. The (100) surface has
alternating arrays of Ti and N atoms, while the (111) surface shows a closed-packed-layer
of only Ti, and the (112) face has a consecutive linear chain of Ti cations (Fig. 4-8(b) and
(d)). Therefore, diffusion along (111)-oriented crystallites would be much easier than
along (100) ones due to abundant Ti coordination sites. In addition, the absence of N
anions between adjacent Ti should create a shallow bottleneck potential for hydride anion
transfer. This analysis offers a clear guideline for developing high-throughput hydrogen
separation membranes, suggesting that simultaneous control of the sizes and grain growth
of crystallites can drastically improve the hydrogen permeability of TiN, nanocrystalline

membranes at ambient temperature.
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4-4 Conclusion

It is clearly demonstrated that hydrogen permeability of TiN, nanocrystalline
membranes is driven by the diffusion of hydridic defects in the interfacial grain boundary
regions. The nanocrystalline TiN, matrix was readily hydrogenated when exposed to
hydrogen, and Ti-H terminal groups were formed over the surfaces of individual
crystallites, resulting in the incorporation of hydridic defects into the grain boundary
regions. Therefore, the TiN, membranes showed pronounced grain boundary diffusion of
hydrogen aided by thermal hopping of hydride ions between neighboring Ti atoms.
Therefore, the hydrogen solubility was drastically improved by reducing crystallite size
as the number of the coordination Ti sites is linearly proportional to the reciprocal of
crystallite size. In addition, the orientation of the crystallites is important to improve the
hydrogen permeability. Since the (111) face of NaCl-type TiNx has a higher Ti
concentration than the (100) face, (111)-oriented nanocrystalline films exhibit smaller
diffusion energy and higher solubility than (100)-oriented ones due to the relatively short
Ti-Ti jump distances. Accordingly, 200 nm (111)-oriented TiNo.; membranes with sub-10
nm crystallites yield permeation fluxes of 4 x10°mol s cm™ under an applied hydrogen
partial pressure of about 50 kPa at ambient temperature. This value was only one order of
magnitude smaller than the fluxes of state-of-the-art Pdo.7sAgo.2s membranes at 450°C.
Hence, we verified that nanocrystalline TiNx membranes are feasible for high-throughput

separation of ultrapure hydrogen at ambient temperature.
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Fig. 4-6 Response transient of QCM frequency shifts due to hydrogen adsorption on (a)
TiNg5 (1.05 um) and (b)TiN, , films (1.0 um) deposited at 25 or 200°C on a gold film
oscillator electrode (1.32 cm?). Measurements were performed by switching from pure
Ar to 50 vol% H,/Ar at 25°C.
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Fig. 4-7 (a) Relationship between hydrogen solubility (S,) and the reciprocal of
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theoretical S, is also shown as a dashed line, which is defined as being
equivalent to the Fy;. The details are described in text.
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Fig. 4-8 (a) Schematic image of brick layer model for interfacial hydridic
conduction in nanocrystalline TiN, membranes with yellow cube representing
grain cores and gray shell grain boundary phase. (b-e) Atomic arrangement of
(b) (100), (c) (111), (d) (110) and (e) (112) crystallographic planes of NaCl type
TiN. (100)-oriented cubic-shape crystallites have six equivalent planes. (111)-
oriented crystallites expose a pair of (111) faces on the top with two
orthogonal faces disclosing (110) faces and the other two (112).
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Chapter 5

Hydrogen permeability of hafnium nitride
nanocrystalline membranes by interfacial hydridic
conduction

5-1 Introduction

Hydrogen-related defects have been known to occur frequently in different metal
nitrides as well as in metal oxides.!"® Van de Walle et al. reported that hydrogen tends to
act as a shallow donor (H") or acceptor (H") in metal nitride semiconductors if the Fermi
energy level is low or high enough relative to the &(+/-) energy threshold (4.4 ¢V vs V.
L.),% respectively. According to this criterion, hydrogen favors to form hydridic defects in
TiN, if the doping is possible, because TiN has relatively high Fermi energy levels (4.1
eV vs V. L.).” As mentioned in previous chapters, it has been demonstrated that titanium
nitride (TiNy; x = 0.7, 0.9, and 1.0) nanocrystalline membranes exhibit hydrogen
permeability levels exceeding that of Pd metals at room temperature due to the fast
diffusion of hydridic ions.® This observation is ascribed to the following reasons. 1)
Nanocrystalline TiN, matrices are readily hydrogenated at ambient hydrogen pressure and
form Ti-H terminal groups over individual crystallite surfaces, and thus 2) hydridic
diffusion takes place along the interfacial grain boundary via bond exchange between Ti-

H terminal groups.® These findings imply that metal nitride systems with relatively high
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Fermi energy levels and significantly reduced crystallite sizes can exhibit excellent
hydrogen permeability owing to fast hydridic conduction at significantly lowered
activation energies. Hafnium nitrides (HfNx) have the same NaCl-type crystal structure
as TiNx, while the Fermi energy level (about —4.3 eV vs. V.L.)" is higher than the
threshold. Hence, it would be interesting to examine the hydrogen permeability of well-
defined nanocrystalline films of HfNx.

In Chapter 5, HfNx nanocrystalline membranes is demonstrated to exhibit a pronounced
hydrogen permeability, comparable to that of TiNy, at ambient temperatures owing to a
rapid interfacial diffusion of hydridic ions. Both HfNo.g and HfN1 0 films with equivalent
crystallite sizes and (100)-grain growth orientation exhibit similar hydrogen solubility
and permeability regardless of the large differences in nitrogen deficiency, which
confirms that hydrogen transport is driven via hydride hopping between terminal Hf-H
groups over hydrogenated crystallite surfaces without mediation by bulk nitrogen

vacancies.

5-2 Experimental

5-2-1 Hydrogen permeability tests
(a) RF sputtering deposition of HFNx membranes

HfN.;membranes (x = 0.8 and 1.0) were deposited by reactive sputtering in an ultrahigh
vacuum chamber system (ULVAC ACS-3000) using a Hf metal disk (99.99% purity) with
2 inch-diameter as a target. The base pressure of the chamber was less than 2 x 10 Pa.
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HfN, films were deposited in a flow of an Ar/N> mixed gas at a total pressure of 0.9 Pa.
The substrate temperatures were kept at 25, 200 or 500°C, and a sputtering power was
applied at 200 W. The Ar/N> molar ratio in the mixed gas was controlled using a mass
flow controller by fixing the total gas flow at 20 sccm. The thickness of the membranes
was adjusted in the range of 200-1000 nm by controlling the sputtering time. TiNy
membranes (x = 0.7 and 1.0) were fabricated by the same RF sputtering method as
reported in our earlier work (Chapter 3).® In summary, the films were deposited in an
Ar/N; atmosphere at a total pressure of 0.9 Pa, substrate temperature of 200 °C, and a
sputtering power of 200 W. The Ar/N; gas flow ratios were 96/4 for TiNy.7 and 0/100 for

TiN1 0 and the total gas flow was controlled at 20 sccm.

(b) Hydrogen permeation tests of HfNx membranes

For hydrogen permeability analysis, HfN, membranes were fabricated on porous
alumina supports consisting of macroporous a-Al,O3 sintered pellets with a mesoporous
v-Al203 top layer. The porous alumina supports were prepared according to a method
previously reported by Uhlhorn et al.'®!! The detail of the procedure is written in 3-2-
1(a).

Hydrogen permeability measurements of HfN, membranes were performed in a
homemade gas-tight chamber system equipped with a gas chromatograph (GC, GL
Sciences GC-4000). A HfN, membrane sample was sealed in a specially designed sample
holder using carbon sheet gaskets and placed in an electrical furnace whose temperature
could be controlled. Pure Ar gas was supplied to the porous support side at 25 sccm and

a 1:1 gas mixture of Ho/N> was supplied to the membrane side at 100 sccm using mass
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flow controllers. H> and He in out gas were detected by thermal-coductive detector (TCD)
with a flow of Ar reference gas and N> by TCD with a flow of N» reference gas. The
hydrogen fluxes, Ju2, are determined from the hydrogen concentrations, analyzed using

GC, in the exhaust on the support side as follows,

(5-1)
where Cq and Car are the concentrations of H2 and Ar in the out gases, respectively, and
Jar is the Ar flow (25 sccm) supplied to the alumina support side. The fluxes of others

were also determined by the same way.

5-2-2 Characterization techniques
(a) Materials characterization

The phase purities of the fabricated membranes were checked by X-ray diffraction
(XRD; RIGAKU RINT2200 diffractometer with Cu Ka radiation) in the 26 scan mode
with a fixed @ axis at 1° at 40 kV and 20 mA. For XRD measurements, a Si wafer spin-
coated with a mesoporous y-Al>O3 layer (100 nm thick) was used as the substrate instead
of the y-Al,Os/a-Al>O3 bilayer porous supports used for permeation tests because most
of the XRD patterns of HfN. overlapped with those of a-Al2O3, whereas the influence of
the crystallographic orientation of a Si wafer could be isolated and precluded. Spin
coating of y-AlbO3; on Si wafers was conducted in a manner similar to the method
described earlier with 0.1 M boehmite sol. Rutherford backscattering spectrometry (RBS)
was carried out on 500 nm-thick films using a 2.0-MeV He" beam (Tohoku University),

and the curve fitting analysis was carried out with RUMP software package.'” To reduce
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the increase in background signal intensity, which occurs when heavy elements are used
as substrates, the films used for RBS measurements were deposited on glassy carbon
plates. The morphologies of the HfN, membranes were characterized by transmission
electron microscopy (TEM; JEOL JFM-ARM-200F), for which the specimens were
prepared by focused ion beam microfabrication (FIB; HITACHI FB-2100) or microtome
(PowerTome, RMC products). Field emission scanning electron microscopy (FE-SEM)
imaging was carried out using a JEOL JSM-6500F instrument. Fourier transform infrared
(FT-IR) spectroscopy was carried out on 500 nm-thick HfNx films on porous alumina
supports using a JASCO FT/IR-350 spectrometer.

'H magic angle spinning (MAS) nuclear magnetic resonance (NMR) spectra of the
developed membranes were recorded on a JNM-ECA600 (JEOL RESONANCE Inc.)
spectrometer operating at a resonance frequency of 598.97 MHz; the spectrometer was
equipped with a magic angle spinning probe with a diameter of 3.2 mm. The MAS
frequency was kept at 10 kHz. For each sample, spectra were acquired with two types of
pulse sequences — a single pulse with 30 deg pulse and a length of 1.5 us and a DEPTH
background suppression pulse sequence with 90 deg pulse. The measured frequency
range was 10 kHz. The repetition time was 5 s for single pulse experiments, while it was
8 s for DEPTH experiments. A total of 318 scans were performed for single pulse
experiments and 256 scans were performed for DEPTH experiments. The chemical shifts
were externally referenced to tetramethylsilane (TMS). For NMR measurements, 5 pm-
thick HfN, films were deposited on Si wafers modified with 100 nm-thick y-Al>O3 buftfer
sacrificial layers; HfNx powders were obtained by scratching the deposited layers with a

spatula to pulverize. The powder specimens thus obtained were filled in a sample tube in
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a H> atmosphere.

The hydrogen solubility is evaluated with a 5 MHz quartz crystal microbalance (QCM)
technique. The quartz crystal resonator (1.0 cm) attached with an Au film electrode
(1.32 cm?) are purchased from MaTek. HfN, films are deposited directly on the Au film
electrode using a shadow mask at 25°C and 200°C. The amount of hydrogen solves in the
membranes was determined by the shift of the resonance frequency when pure Ar supply

is abruptly switched to 50%-H2/Ar gas at 25°C.

(b) Density-functional theory (DFT) calculations

The electronic states of the hydrogen impurities in HfN, were characterized by first-
principle calculations. The calculations were based on the spin-polarized density-
functional theory (DFT) with a generalized gradient approximation (GGA) using the PBE
exchange-correlation function,®* which is implemented using the plane-wave and
projector augmented wave methods of the Vienna Ab-initio Simulation Package
(VASP)."*""The supercells consists of 2 x 2 x 2 HfN unit cells (~64 atoms) with neutrally
charged defects. The cut-off energy for the plane-wave basis was set to 600 eV. A T'-
centered 3 x 3 x 3 Monkhorst-Pack special k-point grid*° for the first Brillouin zone using
a Gaussian smearing model of o = 0.05 eV was used. AEqer for H defects in HfN1s
supercells can be expressed according to

AEqer = EP[HfN,_sH] — E**[HfN; 5] — 1/2up, (5-2)

where E™[supercell] represents the total energy of each supercell. The chemical potential
of H, denoted by un, is derived from the enthalpy of hydrogen.?! AEqer is calculated for

the HfN phase with one H interstitial, Hi: HEN(H;)1/32 (Hf32N32H;) and HfNo 75 with one H
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on the N vacancy, Hn: HfNo.75(Hn)1/32 (Hf32N24H).

In the case of HfN(Hi)i32, three types of H interstices are considered: i) ®Hi: the
tetrahedral site of the fcc Hf sublattice, ii) "™ H;: the center of the closest Hf-N bond, and
iii) "HH;: the center of the closest Hf-Hf bond (Fig. 5-15). AEqef for all interstitial defect
models, however, exhibits large positive values (>2 eV) even after lattice relaxation and
hence the formation of H interstitials is not favorable for HfN,. On the other hand, AEqes

for hydrogen defects on N vacancy sites, Hy, is converged to a negative value (—0.71 eV).

5-3 Results and Discussion

5-3-1 Fabrication of HfNx membranes

First of all, we conducted an extensive study on reactive sputtering deposition with a
pure Hf metal target by changing the Ar/N> gas flow ratios and substrate temperatures in
order to fabricate HfN, films by adjusting nitrogen nonstoichiometry, x, and grain sizes.
Other deposition parameters, such as sputtering power and chamber pressure were fixed
as mentioned in 5-2-1(a). The crystallinity and phase purity of the deposited films were
analyzed by XRD to optimize the process conditions. For XRD analysis, a Si wafer spin-
coated with a mesoporous y-Al>O3 layer (100 nm thick) was used instead of an y-AlLOs/a-
Al>0s3 bilayer porous support because most of the XRD peaks of HfN overlap with those
of a-AlO; whereas the influence of the crystallographic orientation of a Si wafer could
be isolated and precluded. Finally, nearly-stoichiometric HfN, films with x = 1.0 £ 0.06

and N-deficient films with x = 0.8 + 0.04 were prepared as a single phase of the NaCl
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type (cubic; Fm3m), as confirmed by XRD, wavelength-dispersive X-ray spectroscopy
(WDX) and Rutherford back scattering (RBS) analyses. Both types of films contained
small amounts of oxygen impurities (O/Hf < 0.04) (Fig. 5-1, 5-2, 5-3 and Table. 5-1).
These films were denoted as HfN.o and HfNo s, respectively, for brevity and were further
investigated. The details of the process gases and substrate temperatures used for
deposition are summarized in Table 5-2.

All HfN, (x = 0.8 and 1.0) films exhibit a preferred (100) orientation grain growth and
the full width at half maximum (FWHM) values of the (100) XRD peaks increased with
a decrease in the deposition temperature; this observation is attributed to the smaller
crystallite sizes at lower temperatures. By XRD analysis using the Scherrer equation, the
average grain sizes (dav) Of the films deposited at 500, 200, and 25°C were calculated to
be 25, 14, and 11 nm, respectively, in the case of HfNog and 24, 13, and 10 nm,
respectively, in the case of HfN1o (Table 5-1). Hereafter, the films deposited at various
temperatures are denoted as HfN.-25, 200, or 500 (x = 0.8 or 1.0). Previously, we
confirmed that TiNo.7-200 exhibited a (111) orientation, while TiN;,0-200 exhibited a
(100) orientation, similar to the HfN, films.® The patterns corresponding to these films
are displayed in Fig. 5-1.

Hydrogen-permeable membranes were fabricated by depositing HfNy layers on porous
alumina supports modified by a 1.2 um-thick mesoporous y-Al,O; top layer.!%!! Densely-
packed HfN, layers are uniformly formed over y-Al,O3 middle layers (Figs. 5-4(a-b))
with forming sharp HfN./AL,Os interfaces (Fig. 5-4(c)). All membranes have columnar
microstructures irrespective to the different deposition temperatures. Moreover, the

membranes retain nanocrystalline morphologies, with each column comprising of
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rectangular nanograins with an average size (dav) of a few tens of nanometers (Figs. 5-
4(d-e)). The day values measured by TEM are listed in Table 5-2; these results are in

agreement with the corresponding sizes determined by XRD analysis.

Table 5-1 Phase purity and chemical composition of HfNy films on a Si wafer.

N: concentration / % Phase Composition by WDX Composition by RBS
3 HfN, Hf HiN.3400.077 -
4 HfN, Hf HfNo.5400.76 -
10 HIN HfNo.8300.085 (HfNo.s) HfN; 0400.035 (10 nm, outer)/
HfNo.7900.031 (580 nm, inner)
40 HIN HfN1.0400.080 (HfN1.0) HfN;.1300.035 (10 nm, outer)/

HfN1.0600.033 (590 nm, inner)

Table 5-2 RF reactive sputtering conditions of HfNx (x = 0.8 and 1.0) nanocrystalline
membranes and the average grain sizes (dav) of the corresponding membranes deposited
on y-Al,03/Si wafers, as determined by XRD and TEM.

samples Substrate N2 concentration dav (XRD) / nm day (TEM) / nm
temperature / °C ! %
HfNo.s-500 500 10 25 23
HfNo.s-200 200 15 14 -
HfNo.s-25 25 20 11 11
HfN1.0-500 500 40 24 -
HfN1.0-200 200 40 13 -
HfN1.0-25 25 40 10 -
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Fig. 5-1 XRD patterns of HfN, films. (a) HfN, films deposited on a Si wafer
(100) by RF sputtering in reactive gases with various N, concentrations.
Chamber pressure and substrate temperature were fixed at 0.9 Pa and
500°C, respectively. (b) XRD patterns of 500 nm-thick HfN, (x = 0.8 and
1.0) films deposited at 25, 200, and 500°C. TiN, films (600 nm thick, x =
0.7 and 1.0) films deposited at 200°C8 are also shown.
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Fig. 5-4 Electron microscopy images showing nanocrystalline and dense HfN,
membranes formed over porous alumina supports. (a) Cross-sectional TEM
image of a membrane device comprising of sputter-deposited HfN, 5 (top layer,
250 nm), sol-gel-derived mesoporous y-Al,O; (middle layer, 1.2 um), and
macroporous a-Al,0; (support). (b) Cross-sectional SEM image of the columnar
morphology of 1 pm-thick HfN, s membranes. (c) Cross-sectional TEM image of
an area close to the HfN, 3/y-Al, O, interface. (d-e) High-resolution TEM images
revealing the nanogranular morphology of HfN,; membranes deposited at (d)
500°C and (e) 25°C.
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5-3-2 Hydrogen permeability

Fig. 5-5(a) depicts the hydrogen and nitrogen fluxes (Jn2 and Jne, respectively) of 500
nm-thick HfN, membranes deposited at 500 °C. To determine hydrogen permeability and
selectivity, the surfaces of the membranes were exposed to 50 vol%-H>/N> mixtures and
out gases from the support side were analyzed (see 5-2-1(b) for more details). The porous
alumina supports yield hydrogen temperature-independent fluxes of Hz is 2.5 x 107 and
N2 is 1.4x10° mol cm2 st (Fig. 5-5(a)).

Apparently, HfN, membranes exhibit hydrogen permeability mediated via the
thermally-activated mass diffusion in their matrix. In both x = 0.8 and 1.0, Ju2 slightly
increased at temperatures 7 > 250°C, reaching values greater than ~7.1 x 107 mol cm™
st at 500°C, whereas Jx2 is temperature independent, exhibiting a value of ~2 x 10 mol
cm2 s, Hence, Juz is at least 30 times higher than Jnz at 500°C. The Jnz2 measured for
HfNy can be attributed to a small leak in the seal, because the value is equivalent to the
value measured for a thick stainless plate used as a dummy specimen (Fig. 5-5(a)). The
flux of helium through HfNos is identical to that of nitrogen, despite the fact that He
molecules are smaller than those of Hz (see Jne in Fig. 5-5(a)), thus proving that hydrogen
transport in HfN, membranes does not concern with diffusion through pinholes or cracks.
It is concluded that HFNx membranes carry out selective hydrogen permeation due to their
hydrogen diffusivity.

The Juz values of HfNog-500 and HfN1,0-500 are very similar to each other in the
measured temperature range: both exhibit less pronounced temperature dependence at 7
<200 °C, however, are clearly temperature-dependent at 7> 250°C (Fig. 5-5(a)). As will

be described in the following sections, hydrogenation of HfN, occurs spontaneously at
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the ambient hydrogen pressure at around 25°C and thus the related Gibbs energy of
reaction must be negative under the experimental conditions, which indicates that the
mobile hydrogen concentration decreases with increasing temperature. Accordingly, the
weak thermal activation of Ju2 at T < 200°C is responsible for a decrease in mobile
hydrogen concentration. The slope of the plot at T > 250°C can be used to estimate the
hydrogen diffusion barriers because diffusivity activation is expected to dominate the
reduction in mobile hydrogen in that region. The corresponding activation energy (£,) of
HfN,-500 at 7 > 250°C is determined to be 11 kJ mol™!, which is smaller than that of
hydrogen diffusion in Pd metal (26 kJ mol ") (Fig. 5-5(b)).2? Therefore, it can be deduced
that the Jiz value of 500 nm-thick HfNos is at several orders of magnitude higher than
that of a Pd membrane with a technologically limited thickness of 5 um at 25°C (Fig. 5-
5(a-b)). It is to be noted that the calculated E. value is smaller than those of the recently-
discovered hydride ion-conductors, such as Laz x ySrx+yLiH1 x+yO3y** and BaH,.*

The inversed proportional relationship between hydrogen permeability and thickness
(L) of HfNx membranes reveals that the surface kinetics for hydrogen incorporation does
not mainly concerns the permeation rate (Fig. 5-5(b)). In case of thermally-activated
jumps of hydrogen atoms or ions, the ratio between hydrogen and deuterium fluxes,
Ju2/Jm2, should be close to VMp/NMu ~ 1.4 due to the VM dependency of the jump rate.?
Fig. 5-6 depicts the relaxation in the permeation flux upon switching between Hz and D>
supplies at a fixed temperature. The permeation fluxes decays by switching from H; to
D2, which results in 24% reduction in hydrogen fluxes, and subsequently recover to the
original level upon switching back to Hz. Thus, the observed Ju2/Jp2 ratios are about 1.30

at every temperature, revealing that hydrogen transport through HfN. membranes is
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driven by thermally-assisted mass diffusion in the matrices. TEM confirms that the
morphology of the membranes remained unchanged before and after hydrogen

permeation tests in a heating and cooling cycle between 25-500°C (Fig. 5-7).

5-3-3 Mobile hydrogen species

It is known that protonic defects in various p-type nitride semiconductors favor the
formation of amide-like defect complexes via association with N anions.'* In the Kroger-
Vink notation, the above reaction is denoted as shown below.

NN+ Ha(g) > (NH2)N®* + ¢ (5-3)
Meanwhile, hydridic defects in n-type semiconductors are normally created by
association with metal (M) cations.>¢2%%7

Mw* + 1/2 Ha (g) + ¢'— (MH)M’ (5-4)

To evaluate the formation of hydridic Hf-H groups, hydrogenated HfNos-500 and
HfN10-500 were probed by '"H-NMR (Fig. 5-8). The broad band centered at 5= 6 p.p.m.
corresponds to the hydroxyl groups of the sacrificial mesoporous y-Al>O3 layers. Both
films show sharp peaks at 6= 1.91 p.p.m. and a shoulder at 1.62 p.p.m., which can be
assigned to the doped hydrogen due to its being more pronounced in samples
hydrogenated at 500°C. Hayashi et al. investigated the relationship between the 'H-
chemical shift &so(H") and M—H bonding length of metal hydride systems and proposed
the following empirical equation.?-3!

diso(HY) (p.p.m.) = 0.070 dm-+ (pm) — 11.5 (5-5)
Using the Hf-H bonding length (184 pm)*?, Eq. (5-5) calculates the &iso(H") value to be

about 1.4 ppm, which is very close to the observed ¢ value. Moreover, the observed ¢
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value is much smaller than those of the protonic hydrogen in Hf-NH (4.9 p.p.m.)** or Hf-
NH: moieties (11.5 p.p.m.).>* These spectroscopic features clarify that the doped
hydrogen in HfNy is present in the form of H™ ions rather than as H* ions by coupling with
Hf cations. As the width of NMR peaks can be correlated with the reciprocal of the spin
relaxation time,® the peaks at & = 1.91 ppm can be assigned to fast-diffusing hydridic
dopants and the another to less-mobile hydrogen.

In situ FT-IR analysis proves the formation of hydridic Hf-D groups through H/D
isotopic exchange (Fig. 5-9(a-b)). Pristine HfNo.g-500 films showed Hf-N stretching
bands at 900 cm™ 3¢ and bands of hydrocarbons, water, and CO2 adsorbs at ~2900, 1650,
and 2350 cm L, respectively.®” Switching from Hj to D> atmosphere at 400°C triggers the
development of the Hf-D stretching band*® at ~1200 cm™!, whereas the Hf-D band
completely disappears upon switching back to Hz (Fig. 5-9(c)). Unfortunately, Hf-H
bands (~1600 cm!)*® are not evident by overlapped with H>O adsorbs. Although amide-
like (NH2)n** defect complexes in metal nitrides have been reported to exhibit N-H and
N-D stretching in the 3000-3300 cm* and 2100-2300 cm ™ regions, respectively,*> such
bands were not evident in the case of HfNos, indicating that protonic H defects are not
dominantly formed in HfN.. The similar H/D exchange also take place in HfN1o (Fig. 5-
10). Therefore, the NMR and FT-IR results confirms that hydrogen act as an electron

accept in HfN, by associating with Hf cations.
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Fig. 5-5 Hydrogen permeabilities of HfN, membranes at temperatures ranging
between the ambient conditions and 500°C. (a) Arrhenius plots of hydrogen (J,,,
filled symbols) and nitrogen (J,, dashed lines) fluxes through 500 nm-thick HfN ¢-
500 and HfN; ,-500 membranes when 50 vol% H,/N, gas mixtures are supplied at
100 sccm. J, and Jy, of the bare porous alumina support were also measured
under identical conditions along with the helium flux (J,,.) through HfN, 4 using a
50 vol% H,/He gas mixture. To calibrate the contribution of background gas
leakage from the sample holder, J,, was measured for a 0.3 mm-thick SUS plate
exposed to pure N, gas. (b) J,, of HfN, ¢-500 membranes of different thicknesses;
Jy, of a 300 nm-thick membrane is indicated. Hydrogen flux through a 5 pm-thick
Pd foil at AP = 50 kPa was calculated using previously reported permeability
values.??
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Fig. 5-6 H/D isotope effect on hydrogen fluxes through 1.0 pum-thick (a)
HfNy¢-500 and (b) HfN,,-500 membranes at 25, 300, and 500°C, as
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Fig. 5-7 Cross-sectional TEM images of HfN, ; samples (a) before and
(b) after hydrogen permeation test.
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Fig. 5-8 'H NMR spectra of HfN, gand HfN, , films (1 um thick) detached from Si
substrates with a 100 nm-thick y-Al,0; sacrificial coating. The red lines represent the as-
prepared films, while the blue lines represent those heated in 50 vol% H,/Ar at 500°C
for 1 h. The black line represents the spectrum of the sacrificial y-Al,O4 layer.
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Fig. 5-9 In situ FT-IR spectra of HfN, g-500 membranes (500 nm thick). The films
were initially exposed to a 20 vol% H,/Ar atmosphere for 1 h, followed by
switching to 20 vol% D,/Ar for 30 min and then reverting to 20 vol% H,/Ar for 1
h. The spectra recorded for H, are shown in red and those obtained for D, are
shown in black. (a) FT-IR survey spectra (650-3500 cm™) and (b) expansion of
the Hf-D stretching region at 400°C. The numbers in (b) indicate the time (min)
to start measuring each spectrum with the time to switching the atmosphere
being defined as 0 min. The measurement time of a spectrum is about 2.5 min.

153



(@ (b)

Absorbance (a. u.)

3500 3000 2500 2000 1590 1000 1200 1000 3001
wavenumber (cm ) wavenumber ( cm )

Fig. 5-10 /n situ FT-IR spectra of HfN, ;-500 membranes (500 nm thick). (a) in situ FT-
IR spectra of the 650-3500 cm™! region in 100% H, atmosphere at 100-400°C and in
20% D, atmosphere at 400°C. (b) expansion of the Ti—D stretching region at 400°C.
The numbers in (b) indicate the time (min) to start measuring each spectrum with
the time to switch atmosphere being defined by 0 min. The measurement time of a
spectrum is about 2.5 min.
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5-3-4 Grain size dependence of permeability and solubility

The above findings unambiguously demonstrate that nanocrystalline HfNx membranes
exhibit rapid diffusion of the hydridic defects which are incorporated into HfNy
membranes via association with Hf cations. In nanocrystalline TiNx (x = 0.7 and 1.0)
systems, the hydridic carriers mainly exist along the grain boundary as Ti-H terminal
groups rather than as surface-hydrogenated crystallites,® and hence hydrogen diffusion is
caused by grain boundary hopping transport via a bond exchange process between Ti-H
terminal groups.® Based on a brick layer model,3*4% where cubic grain cores are arranged
on a simple cubic lattice (the length is day) separated by homogeneous grain boundary
layers (Fig. 5-8(a)), such interfacially-controlled diffusivity should feature a linear
scalability between both hydrogen solubility and permeability and volumetric surface
area, which can be correlated with the reciprocal of grain size (dav%).

In fact, the hydrogen permeability (Juz) of HfN increases in proportion with day 2, thus
providing clear evidence for the interfacially-controlled diffusion of hydridic defects (Fig.
5-11(a)). The linear scalability of Juz vs day ! is clearly shown in Fig. 5-12(b). In the case
of HfNos, decreasing dav from 25 nm (HfNog-500) to 14 nm (HfNog-200) or 11 nm
(HfNo.s-25) increases Ju2 by a factor of about 1.5 or 1.8, respectively; the magnitude of
change is similar at all temperatures, with the factors being roughly equivalent to the
inversed ratio of the dav values which are (14 nm/25 nm)~ 1.8 or (11 nm/25 nm)* ~ 2.2,
respectively. Similarly, the ratios of the Jn2 values of HfN1.0-25 (dav = 10 nm) with -200
(dav = 13 nm) or -500 (dav = 24 nm) are approximately 1.5 or 2.0, respectively, at all
temperatures, which is in agreement with the corresponding day* ratios, (10 nm/13 nm)-

1~ 1.3 0or (10 nm/24 nm)~1 ~ 2.4, respectively.
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To validate interfacial hydridic solubility, room temperature hydrogen sorption of the
HfNy films is monitored using a 5-MHz QCM (Fig. 5-12)**? by depositing a HfNo.s or
HfNyo film directly on an Au electrode of a quartz resonator at 25 °C or 200°C (it is
difficult to deposit at 500°C because of the damages in the resonator). Upon exposing
HfNo.s-200 and HfNo.s-25 to Hy, their base frequencies are relaxed by decreasing to —15.5
and —18.4 Hz, respectively, which corresponds to the incorporation of 0.73 and 0.86 g
of hydrogen, respectively, at pr2 = 50 kPa and 25°C. Using geometric film volumes and
ideal molar density (7.17 x 102 mol cm~),* hydrogen solubility (Sw), which is defined
by the H/Hf ratio under equilibrium, was determined to be 0.10 and 0.12 for HfNgg-200
and HfNo.g-25 at 25°C, respectively. The Sh values thus determined are summarized in
Table 5-3 and Fig. 5-13(b).

Clearly, the Sy of HfNog-25 is 1.2 times higher than that of HfNos-200, which is in
good agreement with the day? ratio of HfNos-25 and HfNos-200 (~1.3) and thus the
corresponding Jn2 ratio (~1.13). Similarly, the Sy of HfN10-25 (0.12) is larger than that
of HfN1,0-200 (0.093) by a factor of 1.3 and this value is also in agreement with the da,*
(10 nm/13 nm ~ 1.3) and Ju2 ratios (~1.41) between HfN1.0-25 and HfN1,0-200 (Table 5-
3), indicating that size-enhanced permeability is identical to the increase in hydrogen
solubility when the grain size is reduced.

Regardless of the large differences in nitrogen deficiencies, the Sy of (100)-oriented
HfN10-200 is very close to that of (100)-oriented HfNgg-200 as the day values of both
films are similar (Table 5-3 and Fig. 5-13(b)). This strongly suggests that nitrogen
vacancies in the grain bulk do not concern themselves with the diffusion of hydridic

defects. In a separate experiment, the defect-formation energies (4Eger) of H-HfN systems
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were calculated by DFT, which yielded a negative enthalpy for H intake into nitrogen
vacancy (Vn); on the other hand, large positive enthalpies (>1.8 eV) were observed for
various H-interstitials even after lattice relaxation (Fig. 5-14), indicating that hydrogen is
not positioned at a favorable energy level to be introduced into the interstitials of HfN
crystals. The experimental and theoretical results together lead to a clear conclusion that
mobile hydrogens cannot enter deeply into the interior of the grain bulk.

Moreover, the QCM-measured solubility (Sk) is in close agreement with the hydrogen
content needed for the monolayer coverage of overall crystallite surfaces with Hf-H
terminal groups. Assuming that the hydrogenation of each crystallite occurs by obeying
the Langmuir monolayer chemisorption* of hydrogen onto surface Hf sites and the
monolayer coverage is achieved under equilibrium conditions at pn2 = 0.5 po, SH should
be equal to the fraction of surface Hf cations to total ones in (100)-oriented HfN
nanocubes (Fwf). In the case of the brick layers built up with a (100)-oriented NaCl-type
nanocube (Fig. 5-8(a)), the fraction of surface cations M (Fm) can be calculated using a
general equation as follows.

Fy=31dy ' (5-6)

Here, / is a lattice constant. The theoretical Sy value is calculated to be equal to Fut
using Eq. (5-6) and a HfN lattice parameter,** as shown in Fig. 5-13(b). The observed Sh
values of HfNog-200 (day = 14 nm), HfN1,0-200 (dav = 13 nm), HfNo.g-25 (day = 11 nm),
and HfN1.0-25 (dav = 10 nm) are 0.10, 0.093, 0.12, and 0.12, respectively, and are in
agreement with the theoretical Sy values (Fig. 5-13(b)), confirming that most of the
surface cationic sites coordinated with hydridic hydrogens at the ambient temperature and

hydrogen pressure. Hence, Sy is equivalent to Fys.
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Fig. 5-11 (a) Arrhenius plots of hydrogen flux (J,;) of HfN,¢ and HfN, ; films (500 nm
thick) prepared at 500, 200, and 25°C, indicating an enhancement in the hydrogen
permeability of nanocrystalline HfN, membranes with a reduction in the grain size.
Mixed gases of 50%-H,/N, are supplied at 100 sccm to the entrance side. (b) Linear d,
scaling of the hydrogen permeability of HfN, s membranes. The circles show the plots
of J,, measured at 25 (red), 300 (blue), and 500 °C (black) and the dashed lines
represent the fitting curves.
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Fig. 5-12 Response transient of QCM frequency shifts due to hydrogen
adsorption on 1 um-thick HfN, g and HfN, , films deposited at 25 or 200°C on
Au film oscillator electrodes (1.32 cm?). The measurements were performed
by switching from pure Ar to 50 vol% H,/Ar at 25°C. The dashed lines indicate
the timing for atmosphere switching. The inset shows an optical image of a
quartz resonator with Au electrode onto which a HfN, ;-200 film is deposited.
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Fig. 5-13 (a) Relationship between hydrogen permeation coefficients (¢,)
of HfN,-200 (x = 0.8 and 1.0) and TiN,-200 (x = 0.7 and 1.0) membranes at
temperatures in the range of 25-500°C. (b) Relationship between
hydrogen solubility (S,) and reciprocal average crystallite sizes (d,,™) of
HfN,-200, 25, TiN,-200 and 25. Here, the fractions of surface M cations
(Fy) are used as the x-sets, as calculated by eqn (5-6). The theoretical S,
value calculated by equaling it to F,, is shown as a dashed line. The details
are described in the main text. The data corresponding to TiN,-200 (x = 0.7
and 1.0) is sourced.?
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5-3-5 Comparison of HfNx and TiNjy

A comparison between HfNy and TiNy discloses that controlling the grain growth
orientation is crucial for the hydridic conductivity of transition metal nitride-based
membranes. Fig. 5-13(a) shows the hydrogen permeation coefficients (¢; mol s! cm™
Pa!) of 500 nm-thick HfNx-200 (x = 0.8 and 1.0) and 600 nm-thick TiNx-200 (x = 0.7
and 1.0)® membranes as functions of the reciprocal of temperature. ¢u was determined

according to Eq. (5-7)*°
Juz2L

by =~
" (Puz2’ — Puz2'")

(5-7)
where pm2” is the partial pressure of hydrogen at the entrance and pm2” is the partial
pressure of hydrogen at the exit, i.e. the MNx/Al2Oz interface. L is the film thickness and
Jhz is the hydrogen flux of the MNx membrane. pr> ” can be experimentally determined,
the details of which are described in the Supporting Information.

The behavior of (100)-TiN1.0® is analogous to that of both (100)-HfN¢s and HfNj o, as
the plots of the three (100)-oriented films overlap with each other at temperatures greater
than 250°C and exhibit similar Ea values in the range of 9.6-10 kJ mol* (Table 5-3).
Moreover, the observed Sy of (100)-TiN1o (0.11) is comparable to the theoretical value
calculated using the TiN lattice constant*® as well as to that of HfNx-200 (Fig. 5-13(b)),
which indicates that the number of surface cationic sites on both HfNx and TiNx
nanograins is similar to that of ideal NaCl-type cubic crystals. The ¢u value of (111)-
TiNo7 is clearly larger than that of other (100)-oriented membranes and the Sy is largely
deviated from the theoretical line corresponding to the (100)-oriented films (Fig. 5-13(b)).

These features can be attributed to the relatively large population of cationic sites on (111)
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surfaces because of the following reason. Compared to the (100) plane with equal

amounts of Ti and N, the (111) surface alternatively exposes pure Ti or N close-packed

layers (Fig. 5-15(a-b)). The aforementioned results clearly demonstrate that the hydrogen

permeability of HfNy nanocrystalline membranes is comparable to those of TiNx systems

with an equivalent grain-growth orientation. It is concluded that such nanocrystalline

metal nitrides with relatively high Fermi energy levels and significantly high hydridic

conductivity are potential candidates for Pd-alternative hydrogen membranes.

Table 5-3 Structural and hydrogen-transport properties of 500-nm HfN, (x = 0.8 and 1.0)

and 600-nm TiNx (x = 0.7 and 1.0) membranes. The data corresponding to TiNy

membranes is sourced.?

samples day (XRD) / Crystal Juz at 500°C/  Juzatrt/ E, of permeability composition
nm orientation  molcm?s!  mol cm? 5! / kJ mol!

HfNo.s-500 25 (100) 7.1 X 107 2.9 X 107 4.2 (T <£200°C) -
11 (T =250°C)

HfNo.s-200 14 (100) 1.1 X 10® 4.9 X 107 4.3 (T <200°C) HfNo.sHo.10
9.6 (T'>250°C)

HfNos-25 11 (100) 1.2 X 10¢ 6.0 X 107 4.4 (T <200°C) HfNo.sHo.12
9.2 (I'>250°C)

HfN1.0-500 24 (100) 6.4 X 107 2.4 %X 107 3.7(T'<200°C)
11 (T =250°C)

HfN1.0-200 13 (100) 9.6 X 107 3.9 X 107 4.3 (T <200°C) HfN1.0Ho.003
10 (T'=250°C)

HfN1.0-25 10 (100) 1.1 X 10® 5.5 X 107 4.3 (T <200°C) HfN1.0Ho.12
9.1 (I'>250°C)

TiNo.7-200 14 (111) 1.2 X 10¢ 7.8 X 107 3.0 (T<200°C) TiNo.7Ho.15
5.6 (T >250°C)

TiN1.0-200 12 (100) 1.1 X 10¢ 2.6 X 107 6.1 (T<200°C) TiN1.oHo.11

9.8 (T'>250°C)
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5-4 Conclusions

In summary, HfNx (x = 0.8 and 1.0) membranes comprising rectangular-shaped
nanograins with lengths in the range of a few tens of nanometers exhibit room-
temperature hydrogen permeability due to the enhanced grain boundary diffusion of
hydridic ions. Similar to TiNy systems, nanocrystalline matrices of HfNy are readily
hydrogenated to form Hf-H terminal groups over the crystallite surfaces and thus,
hydridic ions can migrate through the grain boundary region owing to a bond exchange
between Hf-H groups (Fig. 5-15(c)). Hence, the hydrogen solubility of the membranes
increases with decreasing crystallite size and thus, 500 nm-thick HfNo.g membranes with
reduced crystallite sizes (11 nm) exhibit hydrogen solubility of 3 x 10~ mol cm™ s,
exceeding that observed for the state-of-the-art Pd membranes at ambient temperature.
Both HfN1o and HfNos films exhibit similar E, (about 11 kJ mol™) and Sk (about 0.10);
these values are comparable to those of TiNu1.o films with equivalent crystallite sizes. Such
similarities can be attributed to the same preferred (100) orientation during grain growth.
The current results establish a general guide to design hydrogen membranes using metal
nitrides, suggesting that nitrides with significantly high Fermi energy levels and small
crystallite sizes are promising high hydridic ion conductors. These findings open up a
new way towards non-Pd hydrogen separation systems for sustainable hydrogen

technology.
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Fig. 5-14 (a) The DFT energies calculated for 2X2X2 supercells of various
hydrogen defect models. (a3) shows the total energies of the system
comprising stoichiometric HfN phase (Hf;,Ns,) and 1/2 H, gas. (al) Hf3;N5,(Hy):
H defect occupying a Hf vacancy of Hf-deficient Hf; ;,N phase. (a2)
Hf3,N,,(Hy) : H defect occupying a N vacancy of N-deficient HfN,, 5, phase. (a4,
a5, a6) Hf;,N;,H,: HfN phase with an H interstitial at (a4) tetrahedral site of fcc
Hf sublattice (*tH), (a5) center of the closest Hf-N bond ("*NH) and (a6) center
of the closest Hf-Hf bond ("FHH). (b-c) Partial DOS of Hf;,N,, and Hf;,N,,H. H 1s
state is offset by X 2.
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Fig. 5-15 (a-b) Schematic representation of a hydride ion bound to a M cation
on the (100) surface built up by an alternative stacking of M cations and N
anions and a (111) surface comprising of a pure M close-packed layer. (c)
Schematic illustration of hydride ion diffusion in grain boundary.
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Chapter 6

Summary

In previous chapters, inorganic thin films exhibiting a pronounced mixed ionic-
electronic conductivity were fabricated by RF sputtering; (a) The amorphous Ga(l)
suboxide thin films were demonstrated to cause bulk oxide ion conductivity at room
temperature due to the the correlation between negative charges on O* ions and (4s)* lone
pair of Ga(I). (b) Nanocrystalline TiN, and HfN, with relatively high Fermi energy can
show the excellent hydrogen permeability due to interfacial hydridic conduction in their
nanostructured matrices. These current results propose a new guideline to design
pronounced ionic conductivity of the sputter-deposited inorganic thin films and open up
the potential applications of them for electronic and energy-related technologies. The

outstanding results of this thesis were briefly summarized as follows.

In Chapter 1, the history and scientific backgrounds of mixed ionic-electronic
conductors are introduced, describing ion conductors as a key component for various
electric and energy applications. In addition, the importance of nanostructures and
electron-defect interactions for ionic conductivity are also mentioned with describing the
recent reports for nanostructure-enhanced ion transport properties. The convenience of
reactive sputtering technique as a tool to fabricate such nanostructured materials are also

mentioned.
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In Chapter 2, the discovery of new resistive-switching functionality in amorphous
Ga(I) suboxide, triggered by enhanced bulk oxide ion conductivity at room temperatures
is described. Cr-doped amorphous gallium oxide thin films with tailored gallium valence
state and oxygen deficiencies has been were successfully fabricated by RF cosputtering
process of Ga;03 and Cr. The Ga(I)-Ga(III) mixed valence state homogeneous oxide glass
can be formed from a homogeneous mixture of Cr(0) metal atoms and Ga(Ill) oxides
moieties deposited by cosputtering, because Cr(0) scavenges oxygen of Ga(III) oxide due
to the relatively large negative energy of Cr-O bonding in comparison to Ga-O bonding
by following: 3Ga(Ill) + 2Cr(0) — 3Ga(I) + 2Cr(III). Amorphous Gao §2Cro.1801.2 thin
film with optimal Ga(I) contents can reveal remarkable homogeneous resistance
switching due to the efficient bulk oxide ion conduction at room temperature, and thus,
the film clearly involved multiple resistance state switching where the final device state
is determined by bias history, since the oxygen vacancy donor profiles can be
incrementally modified by bias duration or number of the applied short pulse biasing. The
current results open up a new way to design the bulk mechanism resistive switching metal
oxide thin films with tailored oxide ion conductivity.

In Chapter 3, room-temperature hydrogen separation was demonstrated for TiNy (x =
0.7, 0.9, 1.0) nanocrystalline membranes with unprecedented hydride conductivity. The
TiNx membranes were deposited on porous aluminum support uniformly by RF reactive
sputtering. The resultant membranes exhibited room-temperature hydrogen permeability
due to enhanced grain boundary diffusion of hydride ions mediated by terminal Ti—H
groups on internal grain surfaces with a low activation energy of ~5 kJ mol. Hence, the

flux of hydrogen through TiNo.z membranes reached to 5.3 x 10~ mol cm™2 st at 25°C
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under applied hydrogen partial pressure of 50 kPa, which exceeded that observed for Pd
membranes at ambient temperature. These nanocrystalline materials with preferred grain
orientation and significantly reduced grain sizes could realise ultrafast hydrogen
permeation due to grain-boundary diffusion of hydride ions and metallic conduction of
the grain bulk.

In Chapter 4, the hydride ion diffusion pathway in TiN, nanocrystalline membranes
was identified more precisely in basis of the mechanism proposed in Chapter 3. The
hydrogen permeability of TiN, nanocrystalline membranes (x = 0.7 and 1.0) was
characterized by controlled grain sizes and grain-growth orientation. The hydrogen
transport mechanism was unambiguously identified as the grain boundary diffusion of
hydric ions aided by Ti-H terminal groups formed over the hydrogenated grain surfaces.
Hydrogen solubility was linearly scaled with inversed grain sizes attributed to the
interfacial hydridic solubility, and thereby, the permeation coefficients are significantly
enhanced with decreasing crystallites sizes, i.e. increasing grain boundary volumes. In
addition, the (111)-oriented TiNo.7 membranes possess higher hydrogen solubility and
lower diffusion energy than (100)-oriented TiN1o because relatively high Ti population
on (111) increase the number of interfacial hydridic defects and reduce the bottleneck
energy for jumping between adjacent Ti sites.

In Chapter 5, hydrogen permeability based on the mixed hydride ion-electron
conduction was also demonstrated for HfN, (x = 0.8 and 1.0) nanocrystalline membranes.
The (100)-oriented crystalline membranes with crystalline sizes of 10’s nm were prepared
by RF reactive sputtering. The membranes with average crystalline sizes of 11 nm yielded

hydrogen flux of 6x10~7 mol cm s™! at room temperature, which was higher than the Pd
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membranes. Combined spectroscopic, permeability and microbalance measurements
clarified that the nanocrystalline matrices were readily hydrogenated with forming Hf-H
terminal group over the internal grain surfaces and efficient hydrogen permeation took
place due to enhanced diffusion of hydridic defects through grain boundary, aided by Hf-
H bond exchange process. In addition, the HfN, film showed only (100) orientation
irrespective of the presence or absence of nitrogen deficiency, and the value of hydrogen
flux was similar in any composition, confirming that hydride defects favored to be
incorporated into grain boundary region without entering into the bulk.

Combined with the results of TiN, (Chapter 3 and 4), these findings establish a new
guideline for Pd alternatives based on nanostructure-induced hydric conductivity of
transition metal nitride nanomaterials; metallic nitrides which possess relatively high

Fermi energy levels are promising candidates of hydride ion conductors.

In summary, pronounced ion conductivity and related novel functionality were
demonstrated for the inorganic thin films fabricated by reactive sputtering with tailoring
microstructures and precise-controlling nonstoichiometry. The results in this thesis
clearly demonstrate that reactive sputtering techniques afford a strong tool to design
nanostructured materials with high ionic conductivity triggered by optimal electronic
structures and interfacial ionic pathways. Recent global concerns regarding energy and
environmental issues has drawn a lot of academic and industrial interests to development
of the functional materials which enables a precise control of the catalytic and
electrochemical reactions for energy conservation and environmental protection aided by

their ionic mobility. Despite the recent advances in material sciences, better ion
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conductive materials at lower temperature is still needed in various energy and
environmental applications, such as batteries, fuel cells, artificial catalysts, gas separation
membranes and so on. The discovery of new materials, ideas and function for applications
always vitalize the scientific activity, and this effort must be pursued in the future. The
author also hopes that this thesis contributes to stimulating further development of Solid

State lonics.
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